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Abstract

Commercial polymers are typically classified according to their

melt flow indices, measures of their viscosities. These properties are

known to depend on a material’s molar mass distribution, on its av-

erages and its degree of polydispersity. In determining a polymer’s

performance, both the molar mass distribution and the the process

employed to produce the part are highly relevant, since the balance in

the mass fractions from its distribution will determine the flow char-

acteristics in the mould, and influence the material’s performance.

The compromise polymer manufacturers have to make is to maintain

the mechanical properties known to improve with increased molar

mass at the same time as a sufficiently low viscosity, known to re-

duce with decreasing molar mass, to enable part production. This is

often achieved by judicious blending of homopolymers. This thesis

examines how varying molar mass and distribution in blends leads

to changes in the thermal, rheological, and mechanical properties in

polystyrene, and discusses and develops physical models to capturing

the observed experimental responses.

Chromatographic and calorimetric studies were carried out on

monodisperse, bimodal blends of monodisperse, polydisperse, and

blends of polydisperse polystyrenes. They revealed that changes in

molar mass distributions and glass transition temperatures, Tg, could

be directly attributed to the blending procedure of choice. In polydis-

perse blends, higher contents of low molar mass fractions, and cor-

responding lower Tgs were observed in the blends produced using

a melt mixing method compared with solution-blended equivalents.

Thermal degradation, accelerated by the large number of chain ends,



was suggested as the cause for the increase in low molar mass frac-

tions in the melt-mixed blends. The filtration and precipitation stages

characteristic of solution blending instead promoted oligomer loss and

evaporation, resulting in reductions in the low molar mass tails of the

distributions.

Craze initiation stress was measured in 3-point bending isochronal

creep tests on the same polymers and blends, and was found to in-

crease rapidly with additions of a higher molar mass component,

reaching a plateau at 20 wt%. A simple model based on a weighted

addition of the crazing stress contributions of individual weight frac-

tions was developed from an established piecewise linear crazing law

in order to enable predictions of the crazing stress in the blends, using

a power law exponent of 2.59 (90% CI [1.75 17.34]). In highly poly-

disperse systems, where short unentangled chains dilute the polymer,

it was necessary to include dynamic tube dilution theory. Dilution

leads to a change in the entanglement length and hence in the molar

mass at which transitions in the crazing mechanisms (disentanglement

and chain scission) occur. With the improved model, crazing stress

could be predicted even for highly polydisperse blends with wide and

bimodal distributions.

Linear and non-linear rheological measurements were carried out

in shear and extensions on the same materials. Existing rheologi-

cal models for linear viscoelasticity including Likhtman-McLeish (L-

M), Rubinstein-Colby (R-C) and polydisperse double reptation (pDR)

theory were applied to the linear experimental data, exposing some

of the fundamental difficulties of modelling the structure of systems

where multiple chain-lengths interact. R-C was found applicable to bi-

modal blends of monodisperse, whereas pDR was better able to model

broad polydisperse blends. New non-linear shear and extensional rhe-

ology was recorded experimentally on all polymers and blends, and

should enable future non-linear theories to be compared to experi-

ment.
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Chapter 1

Introduction

1.1 Overview

Ever since the development of synthetic polymers in the early 1900s, the macro-

molecular nature of these materials has led science into developing a range of

fundamental characterisation techniques to understand the segmental and col-

lective motions that occur in their diffusive responses to applied stimuli. The

development of gel permeation chromatography (GPC), the refinement of poly-

merisation processes and the maturity of rheological instruments, have all con-

tributed to recognise that both the melt and solid state properties of polymer

systems are dependent of two major aspects: their macromolecular character-

istics, defined by the polymer’s monomeric unit, architecture and molar mass;

and secondly, the interaction of these molecules during flow at the segmental and

collective levels.

From a commercial perspective, the recognition of how polymer synthesis can

be fine-tuned to obtain specific mechanical properties represents a very lucrative

and cost-effective path for industrialisation. Polymer blending is carried for a

variety of reasons: to enhance mechanical properties, improve processing, lower

costs, promote adhesion, stability, or surface properties. What makes blending

such a resourceful approach is that mixing of different polymer systems offers

the potential of combining the attractive features of each constituent component

while at the same time reducing their deficient characteristics. In the case of

1



1. Introduction

industrial high-volume manufacturers of polymer products, blending of miscible

materials is a common practice for achieving a fuller control over the final proper-

ties of a polymer system. The usual process entails finding the right equilibrium

between the end mechanical (i.e. dictated by customer specifications) and flow

(i.e. defined by processing equipment) characteristics of a polymer system. This

is usually achieved by blending of lower molar mass polymers to secure low pro-

cessing temperatures, and higher molecular weight materials to improve tensile,

impact and fracture performance. Traditionally the easiest way to optimise poly-

mer powder mixing operations has been to leverage previous experience coupled

with manufacturer knowledge about the equipment and to perform a series of

pilot -and/or production- scale test runs [30]. This trial-and-error approach is

not only time-consuming and costly, but it also deviates the attention to the fun-

damental understanding of the risks and consequences associated with the molar

mass characteristics of the blend constituents and the blending method of choice.

Ever since the first viscoelastic models for rubbers and polymers were de-

veloped, mainly by Treloar [31] and Ferry [32], polymer science has focused on

understanding how synthesis of these materials, and subsequent blending, can

lead to specific and desirable processing and mechanical properties. This stream

of research can be split into various fields: mechanical constitutive models near

the glass transition [33; 34; 35; 36], experimental validation for elastic and inelas-

tic deformation [3; 15; 37; 38], and rheological theories for polymer solutions and

melts [39].

In this thesis a generation of physical and constitutive theories are tested

and scrutinised through their correlation with mechanical and rheological ex-

periments. The literature review on the first chapter, gives particular attention

into the analysis of the effect molar mass and molar mass distribution exert in

the crazing, birefringence and rheological behaviour of polystyrene. The bulk of

this research is divided into 5 chapters. In the third chapter, an introduction to

the materials and experimental methods used is provided. This thesis examines

a total of 18 PS materials, with a range of varying molar mass, and levels of

polydispersity. In a further fourth chapter, experimental chromatographic and

calorimetry data is provided to further understand the manifestations of molar

mass and molar mass distribution in the physical properties of the studied poly-

2



1. Introduction

mers.

Chapters 5 and 6 are devoted to the analysis of experimental evidence of

the changes in the solid-state and melt responses of the various PS systems.

The experimental data is then used to compare the relevant available theories

to evaluate their validity, accuracy and limitations. This is done with particular

emphasis on the role of molar mass distributions by examination of inherently

different molar mass systems: bimodal blends of monodisperse homopolymers,

polydisperse polymers and blends of polydisperse polymers. This study makes

use of the novel experimental data to further lengthen and improve existing mod-

els, particularly by coupling physical polymer models with observed mechanical

responses in isochronal creep tests.

The study concludes with a summary of the observations on how accurate

current crazing and rheological models are to predict solid-state or melt state

responses even in complex and challenging polydisperse blends with high degrees

of unentangled fractions.

3



Chapter 2

Literature Review

2.1 The concept of molar mass

Polymers have become popular materials in many industrial processes and con-

sumer products. They are widely used due to their versatility in being man-

ufactured for a specific purpose, often leading to new polymers with differing

mechanical properties. Essentially, polymer molecules are a network of many

repeating units (”poly”, many,”mer”,parts). They are synthesised through poly-

merisation, often resulting in a distribution of molecules of different sizes. Each

polymer molecule -or polymer chain-, is defined by its monomeric unit and its

degree of polymerisation. Since the monomeric unit has a specific molar mass, it

becomes possible to use the terms molar mass and chain length interchangeably

when describing the size or length of a polymer molecule. In this study, the term

molar mass will be used preferentially.

The vast majority of synthetic polymers are heterogeneous in size, resulting

in a spread of molar mass around a mean value, in what is normally known

as a molar mass distribution, MMD, or molecular weight distribution, MWD .

Measures of this distribution that are easier to quote and compare are needed,

and for this purpose it is common to use averages of the distribution. These can

be defined in various ways, but the two most commonly used averages are the

number average molecular weight, Mn, and the weight average molecular weight,

Mw [40; 41; 42].
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2. Literature Review

Mn =

∑
NiMi∑
Ni

(2.1)

Mw =

∑
NiM

2
i∑

NiMi

(2.2)

where Ni defines the number of molecules of specific molar mass Mi.

While Mn is more dependent on the total number of molecules, found in the

distribution, Mw is more influenced by the higher molar mass fractions, through

the M2
i term in the numerator.

The calculation of molar mass averages is not limited to the number or weight

averages, in fact averages such as the Z-average, M z (equation 2.3), and viscosity

average, M v, are sometimes associated with specific polymer properties that are

more strongly affected by distinct moments of the distribution.

M z =

∑
NiM

3
i∑

NiM2
i

(2.3)

Polymer manufacturers have observed specific associations between mechan-

ical properties of polymers and their molar mass averages. For instance, tensile

strength and hardness tend to be a function of Mw, while it has been found that

Mn is often a sensitive indicator of the brittleness of a polymer. Particularly when

adding plasticizers, such as polybutene oil in polystyrene, the polymer is often

overload with species of small molecules, hence the number average molecular

weight provides a better insight into ultimate product quality [43].

The ratio of Mw/Mn is a measure of the breadth of the distribution, and is

known as the polydispersity index, PDI . Since 2009, the International Union

5
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of pure and applied chemistry has suggested the replacement of the loosely word

polydispersity for dispersity, D [44]. Although this study acknowledges this differ-

entiation, it preferentially makes use of the former term polydispersity to enable

a better correlation with data published before 2009.

Molar mass distributions are helpful in classifying different polymer systems,

and it is common to categorise polymers after their PDIs. For instance, when the

molar mass is narrowly distributed over a span of molecular weights, the polymer

is said to be monodisperse, with the length of each polymer chain scarcely differing

the next. Common values for monodisperse systems are in the range of PDI≈ 1.

In contrast, a polydisperse polymer is a material whose composition involves a

wide distribution of different-sized molecules, or a very large PDI. Finally, when

two polymer systems are mixed in a polymer blend, the new material will mainly

be constituted of two defined molar mass phases, or peaks in what is commonly

recognised as a bimodal or binary blend. Representative plots of molar mass

distributions for PS examples of these polymer systems as observed in University

of Nottingham Polymer Composites’ laboratory are shown in Figure 2.1.

The molar mass details for PS materials (a) monodisperse, (b) polydisperse

and (c) a bimodal blend referred to in Figure 2.1 are presented in Table 2.1. Note

material (c) was a mixture of material 80 wt% (a) with a 20 wt% of a higher Mw

molar mass PS component.

Table 2.1: Examples of various PS distributions as analysed at the University of
Nottingham.

Code Mn [kDa] Mw [kDa] M z PDI

(a) 74.7 149.2 293 2.0
(b) 183.6 198.7 213.3 1.08
(c) 502 668.8 806.1 1.33

The challenge with polymers lies in finding a balance between the polymer

molecular weight, the flow properties that enable the manufacturing during shape

moulding processes, such as extrusion or injection, and the desired material prop-

erties of the solid products. Monodisperse materials can be useful in testing out

scientific theories, but are time-consuming and expensive to synthesize, requiring
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2. Literature Review

Figure 2.1: Representative molar mass distribution plots of (a) monodisperse, (b)
polydisperse and (c) bimodal blend systems.

accurate, expensive and lengthy polymerisation processes. As a result, most com-

mercial grades of polymers are found to be polydisperse to some extent. Hence,

the wide molecular weight distributions of commercial polymers makes it chal-

lenging to quantify the degree to which molecular weight has an effect on their

mechanical properties.

In the 1950s, at the early start of polymer science, it became obvious to

polymer scientists that molar mass and molar mass distribution had a profound

influence on the mechanical properties of polymers. Foden et al. [45] presented

clear experimental evidence of how an increase in molecular weight can effectively

increase the fatigue life of PS by testing varying molar mass samples in alternating

cycles of axial tension and compression. In a different study, Merz et al. [1] tested

a range of monodisperse polystyrenes (PDI≤1.2) from 128 kDa, to 1500 kDa and

their associated blends. The blends were obtained by adding a low molar mass

7
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polymer or bibenzyl to the monodisperse polymers; details for these materials

can be found in Table 2.2.

Table 2.2: Range of monodisperse materials and blends analysed by [1].

Code Mn [kDa] Mw [kDa] PDI

1 1360 1500 1.10
4 1190 992 1.20
9 880 765 1.15
29 266 231 1.15
34 168 146 1.15

Code Mn [kDa] Mw [kDa] Blend wt %

1b 11.7 650 1.55% Bibenzyl in 660kDa
2b 3.3 623 5.52% Bibenzyl in 660kDa
3b 1.82 594 9.97% Bibenzyl in 660kDa
4b 10.24 263 25% low polymer in 320kDa
5b 5.12 176.9 50% low polymer in 320kDa
6b 5.12 596 50% low polymer in 1190kDa

The materials were examined through dynamic tests to obtain the change in

the dynamic Young’s modulus, E, as a function of temperature. The results are

presented in Figure 2.2.

Already in this early data, it is possible to see how E drops more rapidly

in the blends compared to the monodisperse materials. It is equally possible to

see that even though the Mw of blends 1b, 2b and 3b is similar, their dynamic

response is very different, with material 3b showing the lowest young modulus at

high temperature as a result of the higher addition of bibenzyl.

In the 1980s, Nunes et al. [2], presented an extensive experimental portfolio

of studies to showcase how various mechanical properties of polymers depended

on molar mass and molar mass distribution. The general observation made was

that the mechanical properties of polymers increase with molar mass, until a

limiting critical value of molar mass where the properties seem to level off. One

particular study performed by Deanin et al. [2] analysed how higher molar mass

fractions were in fact the controlling factor for the ultimate elongation in a range

of commercial and broad MWD blends of plasticized polyvinyl chloride (PVC).
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Figure 2.2: Young’s Modulus vs. temperature for a range of monodisperse PS
and their corresponding blends from [1].

In Figure 2.3 it is possible to see that when the elongation is plotted against

the different molar mass averages, the correlation improves with the higher the

moment of the distribution. This suggests that ultimate elongation for both

sets of materials is more closely related to the higher molar mass fractions in

the distributions, captured by the Z−molar mass average, rather than simply

by differences in polydispersity. As reported by Cazes [43], it is known that

several pragmatic associations have been developed between specific M -averages

and polymer properties. In the case of the Mz average, this is often reported to

be a good measure of the flex life and stiffness of polymer materials.

One of the main problems when trying to associate mechanical properties with

specific molecular weight averages is the inability to produce a universal molar

mass-derived parameter to correlate with any shape of molar mass distribution.

Bersted and Anderson [46] tried to address this issue by experimentally analysing
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Figure 2.3: Ultimate elongation of PVC plotted against Mn, Mw, M z from [2].
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the influence of MMDs on tensile properties of monodisperse and polydisperse

polystyrenes. Their argument was to develop a parameter to describe the tensile

strength of both narrow and broad distributions of polymers. They suggested the

failure property parameter, MT , of the form φ(1−MT/Mn∗) by considering that

only the entangled molecules (≥ 60 kDa) could make an effective contribution

to the tensile strength of the polymer network. Although MT showed marginal

success in producing predictions that could capture the tensile behaviour of both

narrow and broad distributions, this still needs to be expanded into other me-

chanical phenomenon observed in polymers such as strain hardening, crazing or

physical ageing.

2.2 Molecular entanglements in polymers

Entanglements in polymers can be defined as physical interactions that arise be-

tween polymer molecules due to their topology. Entanglements can act as tempo-

rary anchoring points restricting the movement of the interacting chains. Unlike

cross-links, entanglements change and relax over time, which poses additional

challenges in the modelling of polymer diffusive responses.

When a polymer distorts, its interconnecting molecules elongate with limited

extensibility due to movement restrictions imposed by their entanglements with

adjacent chains. Once the stress is removed these molecules move back to a state

of equilibrium at a timescale representative of their ability to diffuse through

their active entanglements. Because the probability of molecules entangling with

one another depends on their length if the chains are too short, i.e. consisting

only of a couple repeating monomeric units, entanglements cannot occur. The

overall observation is that when molecules become longer than a critical molecular

weight, Mc, the probability of entanglements to occur becomes larger and this

serves the network to develop better stress dissipation characteristics, rendering

the material with improved tensile strength, and other mechanical properties [47].

Similarly, if the chains become too long, the system becomes saturated and the

molecules are unable to flow or slip pass one another, at which point the further

lengthening of the chain does not make much difference to increase mechanical
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properties (as observed in [2]).

Polymer chain dynamics have found meaning of these observations in the

core principles established by polymer physical models, such as those developed

for polymer viscoelasticity and polymer rheology, as will be discussed in the

subsequent sections.

2.3 Review on viscoelasticity

A distinctive feature of the mechanical behaviour of polymers is the way in which

their response to an applied stress or strain depends upon the rate or time of

loading. Contrary to metals and ceramics that behave as elastic solids, -and

as such obey Hooke’s law-, polymers depict stress-strain characteristics both of

elastic solids, and viscous liquids, hence the term viscoelastic. While at low

temperatures and high strain rates polymers display elastic behaviour, at high

temperatures and low rates of strain they are seen to behave in a viscous manner,

i.e. flowing like a liquid [48].

Viscoelasticity fundamentally controls the mechanical response of polymers

to applied stimuli and has been shown to be correlated to their microstructural

features, such as molar mass, molar mass distribution, architecture and entan-

glements [5]. When a polymer undergoes deformation, an energy exchange takes

place. In accordance to the second law of thermodynamics, part of the energy

imparted is invariably dissipated even when part of it is stored [49]. Under ordi-

nary conditions the material response is time-dependent and composed of both

parts: a stored deformational elastic response, and a dissipated viscous response.

Materials displaying both elastic and viscous properties are thus referred to as

viscoelastic. For instance, liquids above the glass transition temperature, Tg, can

relax quickly through Brownian motion, hence structural memory is short and

their response is essentially viscous. On the other hand, structural relaxation in

a solid is very slow, and at small deformations the response is fundamentally elas-

tic. In polymers, their structural relaxation depends on the heterogeneity their

macromolecular dimensions. As a consequence, polymers exhibit a multiplicity

of relaxation times, τ [32; 40; 50].
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Polymer viscoelasticity can be measured through linear viscoelastic tests:

creep-recovery, J(t) , stress-relaxation, G(t) , and dynamic measurements, G(ω).

The complex shear modulus G(ω) can be split into: a elastic component, namely

the storage modulus G′; and a viscous term: the loss modulus G”. The data in

these tests is often manipulated to obtain a mastercurve through the application

of the time-temperature-superposition principle, TTS, which is well described by

the William-Landel-Ferry, WLF , equation 2.4 [32; 51].

log aT =
−C1(T − T0)

[C2 + (T − T0)]
(2.4)

where T is the experimental temperature, T0 the reference temperature, and C1

and C2 are empirical constants. In essence superposition enables to associate a

range of short-time experiments at different temperatures through a shift param-

eter, aT .

The linear theory of viscoelasticity, LVE, provides a mathematical framework

for the description of viscoelastic phenomenon. Simple models represent the

elastic contribution by Hookean springs, while the viscous parts are described

by linear dashpots. These contributions are combined in a series of Maxwell or

Voigt models, and integrated into generalised equations that consider spectra of

relaxation times. The most widely used is the generalised Maxwell, or generalised

Zener model [40; 52; 53]. Equations for J(t), G(t) and G(ω) can be found in Table

2.3.

The above expressions, are applicable to linear viscoelasticity, LVE, where

stress and strain show a linear relationship. As strains become larger, the re-

sponse of polymers deviates from linearity and enters the non-linear viscoelastic

regime, NLVE, where stress and strain rate become time and strain dependent.

In a later subsection, mechanical and rheological models for linear and non-linear

viscoelasticity are discussed. Particular attention is given to the effect of mo-

lar mass and entanglements in the polymer’s experimental response and chain

relaxation.
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Table 2.3: Viscoelastic properties

Property Basic equation Generalised equation

J(t) J(t) =
ε(t)

σ
J(t) = Je +

∞∫
0

1− exp[−(t/τ)]Ji(τ)dτ

G(t) G(t) =
σ(t)

ε
G(t) = Gv +

∞∫
0

exp[−(t/τ)]Gi(τ)dτ

G(ω)
G′(ω) = (σ0/ε0)cosδ G′ = Gv +

n∑
i=1

(Giω
2τ 2i /1 + ω2τ 2i )

G”(ω) = (σ0/ε0)sinδ G” =
n∑
i=1

(Giωτi/1 + ω2τ 2i )

2.4 Mechanical constitutive models

The concepts of viscoelasticity have evolved into complex physical equations to

describe polymer behaviour, -e.g, stress-strain curves, strain-hardening and phys-

ical ageing-, through the development of constitutive models. The description of

the behaviour of a material is generally considered to be constitutive if the forma-

tion does not violate any principles of continuum mechanics [49]. The constants

and functions proposed to describe the observed behavior must therefore be ma-

terial constants and material functions and can contain physical information on

the constitution of the material.

Polymer constitutive models can help in the understanding of one crucial issue:

the effect molecular deformation history has on the mechanical properties of these

materials. The mechanical properties of manufactured polymers are well known

to depend on the degree of flow and thermal changes due to production processes

(injection, extrusion, drawing), which in turn depend on their inherent molar mass

characteristics. Constitutive equations are sets of non-linear equations proposed

to mechanistically describe the energetic and deformation processes undergone

by polymer macromolecules when a stress is applied [3; 54].

The basis for most current mechanical polymer constitutive models started

with the work of Haward and Thackray [55], who modelled the stress-strain

properties of polymers through the decomposition of the linear and non-linear

viscoelastic components of their behaviour into one dimensional models. They

assumed that the behaviour of polymers is an additive contribution of:
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• Large-strain elasticity, modelled through a Hookean spring

• Non-linear viscoelasticity, modelled as an Eyring dashpot in series with a

linear spring

• Finite extensibility, can be included by the addition of a Langevin chain

expression instead of the Hookean spring

Haward and Thackray essentially described two fundamental free energy sources:

atomic diffusion, through Eyring viscoelastic flow; and the perturbation of con-

formational entropy, through a Langevin or Hookean spring. These are the as-

sumptions which form the basis of polymer constitutive models used nowadays.

Boyce [33], Tervoort [36] and Buckley [35], went on to develop these ideas

further, accounting for 3D deformation using the principles of continuum me-

chanics. This study, will focus on the evolution of the Glass-Rubber model, GR

, developed by the Oxford group [35], but other models are similar in nature.

Assuming continuity, the polymer changes upon deformation from an initial

position X to a final position x in an Euclidean plane. This displacement is

represented through a deformation gradient tensor, F, (the notation used follows

convention, where boldface terms indicate tensorial quantities) separated into a

volumetric, J , and deviatoric, F, parts:

J = det F and F = J−
1
3 F (2.5)

The stress tensor, σ, is similarly separated into a volumetric, σm, and devia-

toric, S, part

σm = K ln J =
1

3
trσ and S = σ − σmI (2.6)

where K is the bulk modulus. When a polymer is deformed, there are two contri-

butions to the deviatoric stress: bond-stretching stress, Sb, and conformational

stress, Sc; and these are assumed to be additive hence S=Sb+Sc. The authors
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[3; 56; 57] also derived an expression for the rate of deformation tensor D, and

isochronic velocity gradient tensor L. The relaxation time associated with the

jth glassy mode is referred back to an unstressed relaxation time τ ∗j,0, at reference

temperature T ∗, and structural state T ∗f , through shift factors [3; 35; 57]. The

complex modulus is defined in the GR model as,

G∗ = G′ + iG” = Gc +Gb

N∑
j=1

vj
ω2τ 2j,0

1 + ω2τ 2j,0
+ iGb

N∑
j=1

vj
ωτj,0

1 + ω2τ 2j,0
(2.7)

The model employed a multimode discrete spectrum to predict various aspect

of stress relaxation in polymers. Wu et al. [3] illustrate this by analysing the

relationships between temperature, molar mass and compressive yield stress for

a series of monodisperse and bimodal blends of PS. Wu was able to achieve a

good quality fit between dynamic experiments from Groves on polydisperse PS

(at T=80-200 ◦C and frequencies of 0.1 s−1-100 s−1 in PS), and the GR model pre-

diction across the glass transition. The results for the mastercurve at T=120 ◦C,

are reproduced in Figure 2.4.
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Figure 2.4: G′ and G” parts of the LVE complex shear modulus for PS as pre-
dicted using the GR model in the glassy regime from [3].

By using a discrete 17-element spectrum, Wu was able to fit Groove’s data, but

only until the long-time (low frequency) end of the glassy, α-relaxation process.

In fact, it was recognised that the state of the GR model was only concerned with

the portion of the relaxation spectrum associated with motion on a small length

scale, less or equal than a tube diameter in the frame of tube theories. As will

be further discussed in section 2.5.1, in the α-relaxation process, relaxation times

do not scale with molecular weight, unlike slower modes in the melt regime that

involve diffusion along the tube. Nevertheless, in addition to these observations,

Wu was able to identify a sensitivity to molecular weight in the compressive yield

stress for a range of isotropic monodisperse PS, Figure 2.5.
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Figure 2.5: M dependence on σy as reported by [3].

Although these results are limited to the very narrow range of molar mass

analysed by Wu, it was possible to observed an an enhanced mobility in the

lower molecular weight samples, attributable to the presence of chain ends. Chain

ends introduce local discontinuities, thus increasing the specific volume. This

behaviour had been previously reported by Fox and Flory [4] in their dilatometric

study for a range of varying molecular weight monodisperse PS, as seen in Figure

2.6.
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Figure 2.6: M dependence on Tg as reported by [4].

Wu’s observation is consistent with the reduction in Tg with increasing chain

ends, proportional to 1/Mn. Wu and Buckley concluded that chain ends increase

the probability for thermally activated flow events, corresponding to a decrease

in the Vogel temperature T∞. The authors, were able to present quantitative

means of accounting for this effect and incorporating it into the GR model.

Similar to the framework presented for the GR model, there is further evidence
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by several other authors showcasing different aspects of mechanical constitutive

models. Studies by the MIT team [58; 59] have looked at predicting strain hard-

ening [58; 59], while Struik [60; 61] has widely contributed to the understanding

of physical ageing. Yet, as highlighted by De Focatiis [10], a lot of these mod-

els have been refined using a pheonomenological approach, rather than deriving

the corresponding molecular models to account for the consequences of changing

molecular structure or chain length. Particularly near and above the glass transi-

tion (just in the limits of Wu’s example in 2.4), the conformational entropy begins

to relax by molecular diffusion within the tube, and the entanglement network

becomes elastoviscous. The obvious next step in improving the applicability of

these mechanical models is to couple them with melt-state rheology to obtain

a full stress relaxation spectrum, for a variety of molar mass distributions and

architectures. The upcoming section will provide an insight to the underlying

physics and challenges in the modelling of flow dynamics in polymeric systems,

and it will emphasize on the latest state-of-the-art molecularly aware models.

2.5 LVE and NLVE: a rheological approach

In addition to the mechanical models used for solid-state predictions, over the

past 30 years the theory of linear viscoelasticity has greatly benefited from the

reptation [62] and tube model [63; 64] ideas, to interpret the dynamics involved

in chain relaxation of polymer flows, in the melt-state and in solutions. The com-

bination of both these theories has coined the fundamental concept for the stress

relaxation of polymer molecules along an entanglement network. The tube model

essentially describes that a chain is constraint by the topological interactions to

surrounding molecules by means of a field called ”the tube”. The so-called chain

is unable to cross another molecule, and is confined to move within a tube of

diameter a [6].

The usual method of determining the onset of entanglements is to detect a

change in the molecular weight dependence of a viscoelastic constant, such as

the zero-shear viscosity, η0 , or the steady-state shear compliance J0
e [65]. Figure

2.7, shows a plot of creep compliance, J0, against molecular weight for a range of
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monodisperse polyisoprenes.

Figure 2.7: The molecular weight dependence of the recoverable compliance for
nearly monodisperse polyisoprenes, extracted from [5].

These results show that as the molar mass increases so does the creep com-

pliance up to a critical M ′
c value, where it becomes weight independent. Polymer

chain dynamics correlate the changes of molar mass with the entanglement theory

through considering the entanglement molecular weight, Me, which is simply an

expression for the weight of a chain strand between entanglements,

Me =
ρRT

Ge

(2.8)

where R, is the ideal gas constant, T is the absolute temperature, and Ge entan-

glement modulus [5; 7; 66] (as it will be discussed, the entanglement modulus is

21



2. Literature Review

obtained from rheological data, as per section 2.5.1).

The standard agreement is that Mc ≈ 2Me [65; 67]. Through the concepts

of Me and Mc, it has been possible to define the relaxation times of polymer

chains based on their entanglement networks. Particularly in the field of polymer

rheology, timescales for chain deformation such as the Rouse time, τR , and the

reptation time, τd , are used in the prediction of chain relaxation in polymers.

The development and maturity of rheological instruments has in fact made it

possible to analyse and document polymers’ linear and non-linear behaviour at

a range of temperatures and across a wide frequency range. An account of the

models proposed to interpret the experimental data is presented in the subsections

below.

2.5.1 LVE models

Dynamic tests have gained wide acceptance to evaluate the LVE behaviour of

polymers, as G′, G” plots accurately reflect on the distribution of relaxation times

associated with molar mass and MMD.

In a well compiled review [6], van Ruymbeke discusses the differences between

the rheological traits on the linear viscoelastic mastercurves of a monodisperse

polybutadiene, PBD, (100 kDa, PDI=1.01), against those of a binary blend of two

monodisperse PBD: 5%-410 kDa and 95%-100 kDa PBD. The data was measured

at temperatures -80 ◦C to 100 ◦C, at ω=0.1 s−1-100 s−1, and plotted using TTS at

T0=40 ◦C. The results are provided in Figure 2.8.

The rheological data for the monodisperse case is illustrated in Figure 2.8(a).

The image shows the plateau modulus G0
N has been determined by locating the

value of G′ where the minimum value of G” is reached in the rubbery plateau. The

relaxation time τe, or equilibration time for a segment between entanglements, is

approximated through the G′−G” crossover; and the slope for J0
e is represented

by the intersection of the terminal G′, G” slopes. J0
e , and η0 can be determined

by extrapolation, through the limiting laws G′(ω) = J0
e η

2
0ω

2 and G”(ω) = η0ω. It

can be seen that the slopes are quite well defined, with the characteristic 2 and

1 gradients for G′ and G”, respectively.

In the case of the binary blend (Figure 2.8(b)), (J0
e )M is sensitive to the 5%
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higher molar mass component. In the terminal region, shoulders are visible on the

moduli of the blend compared to the monodisperse system. This clearly evidences

the change in the distribution of relaxation times attributed to the presence of

the higher molar mass component, even though this only represents 5% of the

total mass. Similarly, from the intersection of G′ and G” with G0
N determined by

the slopes, it can be seen that J0
e=0.04 MPa for the blend, compared to 0.5 MPa

for the monodisperse sample, which translates into a 10-fold broadening of the

distribution of relaxation times. This clear sensitivity in the low frequency re-

sponse to a small high molecular weight tail in the polymer’s MMD is due to the

very strong molecular weight scaling of relaxation times [6], and thus becomes

experimental evidence of the effect that molar mass and molar mass distribution

have on the viscoelastic properties of polymers.

Since G0
N is considered a constant material parameter that can be calculated

in combination with Me in equation 2.8. For some theories, the value of G0
N is

often referred to as Ge. J
0
e is often the variable of choice to be associated with

the width of the relaxation times distribution, and polydispersity of the polymer.

Ferry [32] and Soo Cho et al. [65] have reported that η0 shows a sharper transition

to entanglement than J0
e , while J0

e appears to be more responsive to molecular

weight distribution than η0.

The above results can be understood in the frame of a tube model. The tube

represents a temporary space constraint resulting from the presence of other sur-

rounding chains. The test chain, i.e. observed chain, is able to move and relax the

stress within these tube boundaries. Although, there are other models available,

both are useful in understanding the effect entanglements have on the relax-

ation spectra of polymers. Most models nowadays use the following approach:

for chains that are too short to entangle (M < Me), relaxation times are brief

enough to be described using the Rouse model, where τR is defined through

τR(M) = τe ∗ Z2 (2.9)

where Z is the number of entanglements, obtained from M/Me.

At times larger than τe, chains start to interact topologically and their motion
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Figure 2.8: Master curve of (a) monodisperse PBD and (b) binary PBD blend of
5%410 kDa and 90%100 kDa at T0 = 40 ◦C from [6].
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is influenced by the entanglement network. This can be modelled by means of

reptation in a surrounding tube of diameter a. In this model, the chain relaxes

from the outer to the inner segments, and the reptation time, τd, is defined by

τd(M) = 3τeZ
3 =

L2
eq

π2Dc

∝ M2

M−1 = M3 (2.10)

whereDc is the curvilinear diffusion coefficient (kT/Nζ0, where ζ0 is the monomeric

friction coefficient), and Leq is the primitive path length.

Various authors have examined the shifting relaxation mechanisms in poly-

mers associated with a distribution of chain lengths. In a series of studies of

monodisperse PS systems and binary blends, Watanabe et. al [68; 69; 70] pro-

pose a phenomenological molecular weight criterion. They observed that the

relaxation of PS blends was associated with the onset of entanglements of the

short and long chains within the systems. In a dilute system, i.e. where the

weight fraction of the short chains was smaller than a critical weight fraction

value, wc, the relaxation of the short chains took place first, and at longer times,

the entanglements of the long chains appeared to be dissolved by the short chains.

In concentrated blends, where the weight fraction was above wc, the relaxation

of the long chains appears to occur at times closer to the relaxation times char-

acteristic of the longer chains.

Experimental observations have in fact shown that the anticipated M3 depen-

dence predicted by pure reptation does not fully capture the viscosity behaviour

of entangled polymer melts, and it is in fact closer to a M3.4 as reported by

[71; 72]. This has introduced the recognition of additional motion mechanisms

such as the free movement of chain ends, contour length fluctuations, (CLF)

along the tube, and constraint release, (CR) a mechanism whereby constraints

are lost by the movement of neighbouring chain ends. By incorporating these

concepts into the reptation and tube models it has been possible to increase the

accuracy of LVE predictions for the behaviour of polymer melts and solutions.

This in itself opens a range of possibilities for polymer scientists and manufac-

turers, as it enables to anticipate the LVE of a specific polymer formulation
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based on its molar mass distribution characteristics, or viceversa. Likhtman and

McLeish [7] presented a convincing quantitative theory for the prediction of dy-

namics in linear monodisperse materials. They address the problem of including

CLF and CR, by seeking to incorporate all Rouse modes resulting from CLF

through the improvement of the ideas for single time approximation of Doi [71],

and time-dependent one-dimensional diffusion from des Cloizeaux [39], to provide

an algorithm that accounts for the quantitative calculation of the full relaxation

function G(t), through the treatment of single chain relaxation µ(t). In their

theory, Likhtman and McLeish, (L-M), also introduced the numerical parameter

cv, to describe the number of chains needed to create one entanglement. This

parameter, is associated with the ”strength” of the CR mechanism, i.e., cv = 0,

means no constraint, while cv = 1 assumes that one CR event leads to an ef-

fective jump of another chain’s tube by distance a. The validity of this theory

was compared to previous publications [39; 73], presenting improved predictions,

particularly for the relaxation of short chains. Figure 2.9 shows the L-M predic-

tion for a series of monodisperse PS of varying molar mass, using a single set of

material constants.

In tube theories, the relaxation is thus modelled by means of three fundamen-

tal parameters: G0
N , Me and τe. G

0
N and Me can be connected through,

G0
N =

4

5

ρRT

Me

(2.11)

where G0
N is the entanglement modulus, ρ is the polymer density, Me is the

entanglement molecular weight. The prefactor 4/5 is included to account for the

longitudinal motion along the tube. In the L-M theory, G0
N is in fact substituted

by Ge, the entanglement modulus, which defines the stress before the relaxation

of the longitudinal modes, and is linked to Me through equation 2.8.

Other authors have successfully built upon the idea of tube models to as-

sess the validity of more complex molecular dynamics scenarios. Rubinstein

and Colby [74], (R-C), focused their work on testing the validity of reptation

theories on binary mixtures of two monodisperse linear chains. In a similar at-
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Figure 2.9: L-M best fit theory for dynamic moduli of PS from [7].

tempt, des Cloizeaux [39] proposes to address the problem through the analysis of

stress points formed by the entanglement between two chains of different lengths.

Tsenoglou [75], on the other hand, worked on the idea of a double reptation mech-

anism, by which the entanglements between molecules of different lengths occur

randomly and proportionally to the volumetric fraction of the components in the

mixture. His results are used in the form of derivated blending laws and additivity

rules to calculate the relaxation modulus of binary blends and polydisperse dis-

tributions. One of the issues with the double reptation model is that it assumes

that an entanglement relaxes when one of the chains diffuses away, ignoring CR

effects. Therefore, this argument can only be valid when the relaxation times

between the two chains are not too different, and in consequence remains unable

to describe polydisperse blends, for example. Most recently, van Ruymbeke [76]

extended the double reptation model to include the prediction of broad poly-

disperse systems by combining the Doi and Edwards relaxation function, with
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des Cloizeaux time-dependent diffusion presenting convincing quantitative LVE

data for polystyrene (PS), high-density polyethylene (HDPE) and polycarbonate

(PC).

Although most of these models reflect upon observable mechanisms in molec-

ular dynamics, the attempt to achieve the full universality of fitting parameters

seems to fail. Some of the ongoing problems raised by van Ruymbeke [6] are

the quantitative relationship between G0
N and Me, particularly when including

even more challenging features, such as the dynamic tube dilution, (DTD), or

the constraint release Rouse regime. Another topic is the value of the dilution

exponent, α, which serves to describe DTD through the effect of relaxed polymer

fractions in the remaining unrelaxed chains, and whose value normally oscillates

between 1-1.3. In a novel study, Shahid et. al [8] aim at addressing this issue by

looking at the effect different-sized molecules (e.g. long polymer chains diluted

in a matrix of very short chains), have in the relaxation of polymer solutions.

To explore this, the authors used a range of monodisperse PS systems of varying

molar mass, and diluted them with styrene oligomers to achieve different levels of

concentration. As a starting point, Shahid et al. refer to Marrucci’s [77] concept

of dynamic tube dilution; they suggest that the effective tube diameter, a, that

constrains a polymer molecule by its vicinity with surrounding chains, increases

if the polymer concentration is reduced, thus increasing the space for lateral mo-

tion. In other words, a polymer molecule experiences more freedom to move, and

relaxes quicker if the concentration is reduced. This was reflected in Marrucci’s

initial expression for Me considering DTD, where he argues that the effective tube

diameter depends on the unrelaxed fraction of the polymer, Φ(t) as:

Me(t) =
Me(0)

Φ(t)α
(2.12)

where Me(0) refers to the initial value of Me. This argument, as emphasized by

van Ruymbeke [6], forces the recognition that the tube diameter must be taken

as an increasing function of time during relaxation. One important remark made

by Shahid is that Me(t) is not only a function of fraction Φ, but also of the
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concentration, c, within the system, as per equation 2.13,

Me(t) =
M(e,0,melt)

(c · Φ(t))α
(2.13)

where Me,0,melt is the average molar mass between two entanglements in the melt

state at time t = 0. As a consequence of rescaling Me, Shahid proposes a corre-

sponding effect on the G0
N ,

G0
N =

ρRT

Me

=
cρ0RT
Me,0,melt

cα

= G0
N,meltc

α+1Φ(t)α+1 (2.14)

where ρ0 and G0
N,melt are the density and plateau modulus of the corresponding

melt. Under these expressions, the reptation time of the melt is also affected,

and scaled by c and α through τd(M) = τd,0,melt(M)(c · Φ(t))α. It is important

to note that as Me in the melt becomes larger, so does τe. Z, is consequently

decreasing (since Z = M/Me). In systems where short and long chains interact,

the relaxation time of the smaller component can speed up the relaxation of the

longer chain, consequently lowering G0
N . Even more so, the short chains can be

compared to a solvent, except for the fact that they introduce some extra friction.

In his treatment of relaxation behaviour of diluted systems, Shahid recognises two

processes: the first process occurring at high frequencies, where both short, and

long chains relax (e.g. fast Rouse modes, τR); this relaxation is note to occur

in strands within the chains that are shorter than the oligomers, M < Ms. The

second process is associated with the relaxation of the long chains in polymer

strands of masses between Ms and Me,0,melt/v2, where v2 is simply the volume

fraction of the long chains. This second frequency is interpreted by Shahid as

being governed by Rouse relaxation, and hence calls for the consideration of the

constraint release Rouse modes of long chains if any accurate predictions are to

be made. This process describes the transition of the long chains from the initial

tube into the dilated tube. Figure 2.10 presents the experimental data of this

study for a monodisperse PS, Mw = 820 kg/mol, diluted with 95wt% styrene
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oligomers Mw = 8.8 kg/mol. It is possible to see that the dynamic response of

the polymer is in fact a combination of both the relaxation of the short and long

chains. To help elucidate on the differences and contributions of the relaxation

processes involved, the authors provide a series of relaxation predictions: the

full model (shown in pink); the oligomers (shown in blue); and the long chains,

considering CRR (shown in black) and without it (shown in green).

Figure 2.10: Experimental and predicted data from [8], for a diluted monodisperse
PS (Mw = 820 kg/mol) with 95wt% styrene oligomers (Mw = 8.8 kg/mol).

Shahid reports that the polymer system needs at least a concentration of

10wt% of the 820 kg/mol monodisperse component for a rubbery plateau to be

actually visible. In at the dilute 5wt% state in figure 2.10, the system only

contains an average of 2.7 entanglement segments per chain, which is near the

limit of the entangled state. This study was able to determine specific viscoelas-

tic associations between G0
N and Me and the polymer concentration in diluted

polymer systems by using the DTD theory as a first principle. They presented
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novel mathematical derivations to account for the fluctuations in the value of α.

Furthermore, they managed to identify and predict relaxation limits and inter-

actions between different-sized molecules. Nevertheless, some of the limitations

of the model are: its deviation at high frequency, due to the contribution of the

glassy relaxation at this terminal tail, which is not accounted for; and the discrep-

ancy for the scaling of GN,0,melt with c2.3 rather than c2 in semi-dilute solutions,

compared to the dilute systems shown. This is suggested to arise from the dif-

ference in cooperativity between the long chains, oligomers and small-molecule

solvent.

Although the field of polymer rheological models keeps evolving, there are still

questions today about the underlying physics governing the behaviour of more

complex systems; for instance: in the case of highly polydisperse bimodal blends,

below which molar mass can short chains be considered a real solvent?

2.5.2 NLVE models

Non-linear viscoelasticity is observable in large strain experiments. Marrucci [78]

argues that when a polymer melt undergoes a fast (transient) flow, the relaxation

occurs by two mechanisms: one of them is diffusion due to thermal motion (which

occurs also in the absence of flow); the second is a convective mechanism, where

the topological constraints, are renewed through the relative motion of chains

due to flow. This mechanism of relaxation in the NLVE regime is known as

convective constraint release, CCR . In nonlinear flows, as chains retract the

constraint release rate is increased; hence, as the release rate grows with the

convection rate, the tube constraints are thus removed by convection, through

the CCR mechanism.

In the field of NLVE, Likhtman and Graham [9; 79] proposed major refine-

ments to the Doi-Edwards approach. They followed Marcucci’s initial postulates

to model NLVE, particularly at the limit where the shear rate, γ̇, approaches 1/τd

and the Doi theory fails. The authors proposed new arguments to describe the ex-

perimental behaviour in transient shear. Firstly, they recognised the contributions

of CR by using the cv parameter previously introduced in [7; 80]; secondly, they

propose a new parameter Rs that optimizes the decoupling approximation of the
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chains through their retractive motions. They named their model ROLIEPOLY

(ROuse Linear Entangled POLYmers). The model requires five parameters: Ge,

Me, τe, cv and Rs. While the first three are obtained by linear rheology fitting

the L-M theory, the remaining two are dimensionless prefactors for the constraint

release and retraction, respectively. Through this model, Likhtman and Graham

were able to predict non-linear flows by incorporating the relevant terms for chain

stretch and constraint release in their stochastic equation,

dσ

dt
= κ · σ + σ · κT − 1

τd
(σ − 1)

−
2(1−

√
(3/ trσ))

τR

(
σ + β

(
trσ

3

)δ
(σ − 1)

)
(2.15)

where the conformational changes are defined through the stress tensor σ. In

Figure 2.11, Graham fitted cv = 0.1 and Rs = 2 to obtain non-linear predictions

for PS/TCP (tricresyl phosphate) data from Kahvand at a wide range of shear

rates,

Graham was able to show good agreement between theory and experimental

data not only for PS, but also for a range of PBD. In fact, the model has been

so well received it has been used in the treatment of polymer elastic instabilities

in shear and extension-dominated scenarios. Reis et al. [81] investigated the

role of chain relaxation and orientation in the flow responses of polymer melts.

They did so by studying the flow characteristic of polymeric fluids through: a) a

shear dominated array of half-cylinders placed on channel walls (e.g. bumpy wall

flow), and the extension dominated contraction/expansion slit geometry. Reis et

al. correlated the molecular expressions in the ROLIEPOLY model to their own

interpretation of reptation, CCR and chain retraction, and the corresponding

stress associations via Wie, WiR and Wid, the Weissenberg numbers based on

τe, τR and τd, respectively. The effect of the molecular weight of a polymer melt

was considered through the model’s association with the entanglement number, Z

(Z = τd/3τR). They argued that in polymeric fluids where the WiR is small, the

molecules disentangle and the fluid exhibits shear-thinning, thus reducing the base
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Figure 2.11: ROLIEPOLY best fit theory for the transient data of Kahvand for
PS/TCP [9].

flow stresses and producing a more stable flow. This is not the case in fluids with

higher molecular weight, where entanglements minimise shear-thinning, hence

increasing base flow stresses and elastic instability.

The ultimate goal for all the discussed models is to be able to anticipate the

final mechanical properties of polymers through the physical understanding of

the molecular dynamics. The mechanical properties of solid polymers can differ

as a result of two main factors: 1) their processing parameters, or rheological his-

tory; and 2) their microstructural characteristics (e.g. molar mass, distribution,

architecture). Consequently, polymer engineers have to be aware of the need for

comprehensive constitutive models that can capture both these criteria.

De Focatiis [10] proposed a model that extended the range of the ROLIEPOLY

model up to the glassy regime, in an attempt to provide a constitutive equation

capable of predicting both solid and melt states, termed the Glass-Melt model,

33

emxas3
Highlight



2. Literature Review

GM . Coupling of the ROLIEPOLY with Oxfords’s GR model allowed him to

analyse relaxation through the modelling of conformational entropy using a mod-

ified version of the ROLIEPOLY equation accounting for finite chain extensibility,

FE , while integrating a multi-mode deformation in the glassy state through the

GR model. One of the advantages of De Focatiis’ model is its molecular aware-

ness. The physical terms derived accurately describe chain-length dimensions,

and hence are sensitive to molar mass and molecular characteristics. One clear

example of this, is their expression for FE, λmax ,

λmax =

√
nb
C∞

sin(θb/2) (2.16)

where nb is the number of bonds between entanglements, C∞ = 10, the charac-

teristic ratio for PS, and θb is the carbon-carbon backbone bond angle (109.28 ◦

for PS). The inclusion of this term allows the model to explore the effect of high

degrees of stretch and limited relaxation, such as in the case of sub-Tg stress-

strain tests in melt-oriented specimens. The experiments were conducted on two

monodisperse (AF,AG) and one polydisperse (R) grades of amorphous PS. Molar

mass details of such materials are provided for reference in Table 2.4.

Table 2.4: SEC Molar Mass Measurements and Tg Measurements using DSC for
PS samples as studied by [10].

Code Mn [kDa] PDI Tg [◦C]

AF 262 1.05 105.7±1.3
AG 518 1.15 107.5±0.9
R 216 2.54 104.7±0.7

Figure 2.12 illustrates the measured stresses of materials AF,AG and R, in

De Focatiis’ study, in bars drawn at a temperature of 115◦C, and stretch, λ = 4.

The simulations for the stress-strain response at the same temperature have been

plotted for reference in dashed lines. Although the fit to data is only qualitative

in nature, the ability to capture the strain-hardening behaviour at the end of the

curve is a clear contribution of the FE effect in chain stretching and orientation.
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Figure 2.12: De Focatiis GM stress-strain curves predictions against experimental
data for materials AF, AG and R. Modified from [10].

The materials were characterised in terms of their rheological behaviour through

oscillatory, transient and extensional rheology. An example of the prediction of

discrete spectrums for both G′ and G” is shown for material AG in Figure 2.13.

The corresponding τd, τR and τe are provided for reference, as so the fitting modes.

It can be observed that at τe, the model partitions from the ROLIEPOLY into

the glassy modes.

The model showed remarkable agreement of measurements in isotropic mate-

rials deep in the glassy and melt states. One of the most powerful features of this

model is its ability to describe rheological behaviour through the entanglement

physics derived in [7; 9; 79], and as such is sensitive to microstructural features

(Me, Ge). In the stretched samples, the model was capable of capturing the

effects of molecular orientation on length-scales greater than an entanglement.

Nevertheless, the model fails to capture the orientation of molecular segments
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Figure 2.13: De Focatiis GM model as published for material AG in [10].

on a sub-entanglement level, where sub-entanglement orientation appears to be

leading to more anisotropy in the yield stress than is accounted for by the con-

formational stress limits of the model.

Understanding the effect of orientation in these coupled viscoelastic models is

essential since frozen-in orientation is a common consequence of manufacturing

processes (e.g. injection, or extrusion), where polymer molecules flow and quench

in anisotropic states. Frozen-in molecular orientation is essentially a combination

of two factors: (a) the strain rate at which the molecules are deformed, and (b) the

relaxation time of the polymer. An alternative way of validating these models

is through the study of birefringence, and its connection with melt-stretching

histories. A review on birefringence modelling is given in the following section.
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2.6 Birefringence

Birefringence is an optical property of a material that can be defined through the

concept of refractive index, n,

n =
c

v
(2.17)

where c is the speed of light in vacuo, and v is the speed of light in the sample

[11]. For polymers, it is two orthogonal indices that are usually relevant. In a

phenyl polymer such as PS, optical birefringence has two distinct sources: (1)

birefringence arising from bond stretching, e.g. carbon-carbon backbone, and (2)

birefringence arising from molecular alignment, e.g. conformations of the phenyl

side group. Hence, the ortogonal refractive indices n1 and n2 interact with the

PS monomer as per Figure 2.14.

Figure 2.14: PS interaction with refractive indices, n1 and n2, from [11].

The birefringence ∆n′ is defined as the difference between the refractive indices

for light plane-polarized parallel to two of the optic axes.
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∆n′ = n1 − n2 (2.18)

In the case of PS, the birefringence is negative, since the orientation is mainly

dominated by the benzyl group (e.g. n2). For other polymers, the orientation is

more a result of the conformation in the carbon-back chain (e.g. n1), representa-

tive of a positive birefringence.

Characterising birefringence in polymers is relevant to understand the level of

frozen-in molecular alignment that is captured by quenching the structure before

full relaxation can occur. It is known that orientation can alter the mechanical

properties of glassy polymers. Parallel to the direction of orientation, elastic

modulus and yield stress are reported to increase [82], while these appear to

decrease in the perpendicular direction. For example, Landel et al. [83] have

reported that the Young’s moduli of highly oriented fibers is about an order of

magnitude greater than than of unoriented polymers. This increase in modulus

parallel to the direction of orientation arises because the applied stress largely

acts on strong covalent bonds. Perpendicular to the orientation, the force is

applied mostly to van der Waals forces between molecules. One other consequence

of orientation is that birefringence can often hinder the transparency of some

polymer products which rely in optical isotropy.

De Focatiis made a successful attempt at lengthening the boundaries of his

GM model to provide a constitutive expression for describing birefringence [12].

His first assumption was to describe the bond-stretching, b, and conformational,

c, sources of birefringence through a deviatoric stress state, S, where ∆n becomes

∆n = ∆nb + ∆nc (2.19)

where ∆nb and ∆nc are defined through the stress-optical coefficient C by Cb∆Sb

and Cc∆Sc, respectively. In PS, it is the conformational birefringence that dom-

inates molecular orientation, thus ∆n ≈ ∆nc. This is because of the magnitude
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of Cb being too small relative to Cc (Cc/Cb ≈ −5500) [12]. De Focatiis combined

Kuhn and Grun’s [84] anisotropy expression for the end-to-end chain vector to

derive a polarizability tensor which he combined with his GM multi-mode model

to account for the following expression for birefringence

∆n = CcGe

N∑
k=1

vk(Tk,3 − Tk,1)
H
(

λk
λmax

)
H
(

1
λmax

) (2.20)

where Tj,1 and Tj,3 are eigenvalues of the orientation tensor, and H(x) is a three-

term approximation. In Figure 2.15 De Focatiis presents birefringence measure-

ments made on the oriented (and subsequently quenched) PS bars as a function

of drawing temperature, T . The simulations using the above model are shown

for reference. The model uses two versions: one incorporating finite-extensibility,

FE, and one without this.

At lower drawing temperatures T >114 ◦C, (Wie > 1), the difference in bire-

fringence across the three materials is minimal. Yet, at T <114 ◦C, the material

with the highest molar mass (AG), presents the largest birefringence, indicating

the largest orientation. The Weissenberg number essentially defines the relation-

ship between the relaxation time, τe and the strain rate, ε̇: Wie = τe ∗ ε̇. Higher

molar mass polymers have longer relaxation times, which at a fixed strain rate

will require longer periods to relax orientation. Hence, when compared to similar

polymers of lower molar mass, the latter will experience more relaxation, which

will translate in less frozen in orientation for a particular time frame.

The model works best at predicting the birefringence of monodisperse mate-

rials AF and AG by including FE. This is not the case for polydisperse material

R. De Focatiis attributes this to the fact that the ROLIEPOLY equation was

developed for monodisperse materials, and in a polydisperse material (such as

R), the relaxation times are arbitrarily defined by M = Mw. This leads to the

overprediction on the short relaxation times (Wie < 1), and underprediction at

long relaxation times (Wie > 1). From a modelling perspective, the additional

constraint release provided by the relaxation of the short chains in a polydis-
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Figure 2.15: Birefringence simulations for a range of drawing temperatures in
oriented PS samples [12].

perse distribution at these long relaxation times is thus unaccounted for in the

monodisperse constitutive model.

In the case of PS, a whole range of applications rely on good optical trans-

parency, and this can often be hindered by crazing, which impairs visual and

optical performance. De Focatiis went one step further at trying to incorporate

a crazing prediction capability into his birefringence model by correlating the

degree of of stress required to initiate visible crazes to the degree of molecular

orientation in PS. His results will be discussed in the next section.
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2.7 Crazing

Many polymeric materials (such as PS ), generate and propagate stable cracks

rather than deforming homogeneously. Both crazing and fracture are controlled

by the absorption of energy at the crack tip and this occurs in a relatively small

volume of material where large deformations take place [47]. In PS and glassy

thermoplastics, the appearance of small crack-like defects is called crazing [15; 40].

Crazes are supported by a network of small load-bearing fibrils -in the range of

3 nm to 5 nm- that spawn through the elongation of polymer chains. Within these

crazes, the polymer is highly oriented possessing a different density and refractive

index than the surrounding glassy matrix [16]. Figure 2.16 presents a brief visual

description of the crazing process. Crazes form as a consequence of void nucle-

ation within the polymer bulk/film under an applied load over time (steps A-B).

When the applied stress is increased, the void sites are able to grow and inter-

connect with the surrounding polymer network (step C). As the voids continue

to develop, the adjacent polymer ligaments between the voids start to exhibit

strain hardening, causing the voids to stabilise, and the neighbouring polymer

molecules to become highly oriented (step D). As the fibrils are drawn further,

the craze structure collapses (step E) failing either through disentanglement or

chain scission, as suggested by Kramer [15].

Figure 2.16: Mechanism for the formation of crazes adapted from [13].

In the absence of voids or defect sites, Argon and Hannoosh [85] found that
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the stress required for craze initiation substantially increased, with the samples

preferentially shear yielding and necking in tension before displaying any crazing.

Yet Deblieck [86], argues that shearing deformation may preferentially take place

if thermal activation or strain rates favour the yield stress over the craze stress.

Understanding crazing is of great relevance for polymer glasses as it consti-

tutes the precedent mechanism to fracture in these systems, which means that

by understanding craze formation it is possible to predict the ultimate failure of

these materials. The mechanics of crazing were comprehensively studied from

the 1970s to the 1990s. Kramer and his team researched and tested some of the

fundamental mechanical and energetic processes involved in craze formation, and

a good review can be found in [15].

The nature of crazes is complex in the sense that while the formation of crazes

may lead to fracture failure of the glassy polymer, they can also act as load

bearing structures aiding the material to sustain substantial macroscopic plastic

strain and dissipate energy, such as in the case of rubber-modified PS. In order

for crazes to form in a given time, a critical stress must be reached, and this must

have a tensile hydrostatic component [15]. Crazing has also seen to be dependent

on temperature and environmental conditions [24]. While various authors have

reported the formation of crazes in air, others have focused in the analysis of

environmentally crazed polymers where an agent is used to accelerate the rate of

craze formation, and to achieve more well-defined fibrils for optical analysis. A

time-delay between the application of stress and the visual appearance of crazes

has been reported [20; 37]. This delay time, according to Kramer is evidence

of a barrier to craze nucleation. Although these factors all contribute to the

development of crazes in glassy polymers, it was found easier to tackle one aspect

at a time, hence a review covering specific features of crazing is presented in the

subsections below.

2.7.1 Craze grow and micromechanics

In terms of crazing micromechanics, crazes are reported to grow by the combina-

tion of two mechanisms: the craze tip, which extends the periphery of the craze;

and craze thickening, that lengthens the craze fibril distance. The first mecha-
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nism suggests that the craze tip advances through a zone of plastically deformed

and strain softened polymer that is formed ahead the craze tip; craze fibrils form

by the deformation of the polymer webs between the tip. The growth of the craze

tip will not occur until the stress is sufficiently high as to overcome the surface

energy of the surrounding area, often recognised as the active deformation zone,

DZ.

The second mechanism, considers that fibrils lengthen through the surface

drawing of adjacent polymer material. As suggested by Kramer [15], as the craze

fibril elongates, it draws surrounding polymer in an analogous way to cold draw-

ing for polymer fibres. In this sense, the increase in length of the craze fibril

is accompanied by a reinforcement of new material being drawn, providing the

stability to sustain further extension. A simple diagram showing the microstruc-

ture within the craze/bulk interface is presented in Figure 2.17. Microstructrual

features such as the mean craze fibril diameter, D, the mean craze fibril spacing

D0 are given for reference.

Figure 2.17: Craze/bulk interface microstructure, adapted from [14].

A useful route to understanding craze micromechanics is through the deter-

mination of the stresses at which these are formed. A substantial fraction of

published studies, mainly lead by Kramer and his team, were able to experimen-

43



2. Literature Review

tally characterise the craze surface displacement profile, w(x), along the craze

to compute a stress profile, S(x). Their approach consisted of a film charac-

terisation method where polymer films were attached to copper grids through a

solvent/water bath and subsequently strained in tension to promote craze forma-

tion. Isolated crazes were individually analysed and measured using transmission

electron microscopy, TEM , to calculate S(x) as,

S(x) = ∆S(x) + σ∞ (2.21)

where σ∞ is the far-field applied tensile stress along the craze fibril direction and

∆S(x) is the stress applied to the craze-bulk interfaces to produce the displace-

ment, w(x), between them.

Figure 2.18 reports the determined surface stress profiles found in isolated

crazes in polystyrene as reported in [15]. The samples are illustrative of monodis-

perse, polydisperse and bimodal blend (5%Mw = 4, 000 g/mol and 95%Mw =

200, 000 g/mol) PS systems, and molar mass data can be found in Table 2.5.

Table 2.5: Molar mass averages for PS materials used in Figure 2.18.

System Mn [g/mol] Mw [g/mol] PDI σ∞ [MPa]

Monodisperse 189,000 200,000 1.06 25
Polydisperse 113,000 300,000 2.65 24.5

Bimodal blend 58,000 190,000 - 26

The peak on the data is the stress at the craze tip, which drops over a certain

distance to a value similar to the applied stress, σ∞. The presence, and further

dissipation of a peak stress evidences the load-bearing character of crazes. Also

interesting is the very sudden increase and drop in stress for the monodisperse

material, in contrast to a more subtle transition for the polydisperse material. The

bimodal blend system shows an intermediate behaviour between the two. Kramer

attributed this observation to be a result of the effect of molecular entanglements

in craze micromechanics and microstructure. His remark hints at an effect of

dilution of the molecular entanglement network of long chains by polymer chains

too short to entangle.
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Figure 2.18: Craze surface stress profiles in monodisperse, polydisperse and bi-
modal blend of polystyrene adapted from[15].

2.7.2 Crazing and the entanglement network

One of the first pieces of evidence to study the effects of molar mass on the

initiation of visible crazes is found in the work of Fellers and Kee [16]. They used

a series of injection moulded PS, polymerised with different carbon side-groups,

for tensile testing and to promote the formation of crazes. The samples were

carefully chosen in terms of their molar mass and distribution criteria, as well as

closely monitored to try to suppress the orientation effects of injection moulding

by chosing the highest melting temperature and lowest flow rate. Craze initiation

was detected by relying on the light reflective properties of crazes; the differences

in the path of the light beam as it passed through the crazes were captured

by a photoresistor. In their observations, Fellers and Kee noted that crazes were

impossible to form in the the lower molecular weights samples, some of them even

45



2. Literature Review

fracturing while setting these in the jaws of the testing machine. However, stable

and prominent crazes were observed in the higher molecular weight polymers.

Figure 2.19 presents the breaking and crazing stresses in polystyrene as a function

of Mn reported by [16]. Molar mass data is provided in Table 2.6 for reference.

Figure 2.19: Craze stress as a function of Mn in PS, from [16].

The main observation from figure 2.19 is that when M ≤ 2Me stable crazes

could not be formed, while for M > 2Me craze initiation seems to be independent

of molecular weight. This argument holds valid since a polymer is only consid-

ered to be fully entangled if this is constricted at both chain ends, hence two

entanglements, or 2Me. The authors offered the plausible explanation that void

or flaws (where crazes tent to initiate), act as stress concentrators. Hence, at

these points the stress level is raised above the resistance barrier to plastic flow,

and consequently suppresses the molecular weight dependence of plastic events

that are observed in other deformation processes (e.g. strain to break, strain
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Table 2.6: Data for PS materials used in figure 2.19.

ID Endgroup Mnx103 [g/mol] PDI Tg
◦C

1 Cyclohexanate 67.5 2.39 86
2 Cyclohexanate 122 2.58 102
3 Cyclohexanate 147 2.36 105
4 Eicosonate 92.5 3.11 95
5 Eicosonate 124 3.51 101
6 Rubidium ion 67.5 2.39 87
7 Rubidium ion 92.5 3.11 93
8 Rubidium ion 124 3.51 102
9 2-Methyl propionitrile 68 2.64 88
10 2-Methyl propionitrile 75 2.78 89
11 2-Methyl propionitrile 111 3.20 101
12 2-Methyl propionitrile 123 2.71 100
13 2-Methyl propionitrile 146 2.81 107

hardening). If one was to convert Fellers data into Mw, it is possible to see that

the lowest molar mass materials analysed by Fellers reports a Mw = 161.3 kDa,

which as will be reported in the upcoming sections is representative of a highly

entangled system whose crazing dynamics will lean more towards a chain scis-

sion behaviour. Although early days, the significance of Fellers data is that it

provides a starting point to: first, recognise that crazing is different to a solely

plastic deformation event, and secondly, that the propagation of crazes requires

a minimum molar mass for these to be fully visible.

Another interesting remark of this study is the effect that molecular weight

exerts on the crazing pattern. Crazes were seen to be more numerous, longer and

finer in texture in higher molecular weight samples, compared to the coarse, scarce

and shorter crazes that were observed in specimens where Mn < 70, 000 g/mol.

Donald and Kramer [17] followed up on the idea of entanglements and craze

microstructure. Their study examined the assumption that a semipermanent

entanglement network is retained even after plastic deformation (e.g. recovery

upon annealing). And as such, the length of the entanglements will define the

endurance of the network itself. Donald’s premise is that the extension ratio, λ

to which a polymer molecule can be extended is dependent on the length between
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entanglements, le, and the mesh size (or approximate number of entanglements in

the network), de, through: λmax = le/de. Therefore, as le decreases, so does λmax

or λcraze, and one can expect to see a decrease, or ultimate suppression of crazing,

following the ideas established by Fellers and Kee. To test this, Donald crazed a

range of polymeric materials using Kramer’s copper grid technique. The samples

were analysed using TEM and λ was calculated through the determination of

the volume fraction, vf of the craze in the electron images (assuming λ = 1/vf ).

The entanglement length was calculated from the value of Me obtained by melt

elasticity measurements through: le = (Me/M0)l0. Their results are plotted as a

function of the extension ratio, λ against Me in Figure 2.20.

Figure 2.20: Craze fibril extension ratio as a function of Me in various polymer
systems, adapted from [17].

The authors reported a good correlation between Me (alternatively, le), and

the observed craze fibril extension ratio, where polymers with larger Me values

presented a correspondingly high value of λ. Similarly, higher fibril stresses should
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exist in crazes with higher λ. The fibril stress, therefore becomes the stress

parameter controlling the rates of movement within the drawn polymer molecules

(e.g. reptative motion). Donald and Kramer, suggest that as the fibril stress

reaches a critical value, σf , the fibrils can fail by two breakdown processes: a)

continuation of the chain reptation, i.e. disentanglement, or b) chain scission.

Berger [14] continued the study of the effect entanglement length, le, and den-

sity, ve, exerted in craze microstructure. His research focused on the application

of a low-angle electron diffraction, LAED, method to obtain specific information

about the nature of crazes, namely: the mean craze fibril diameter, D, the mean

craze fibril spacing D0, and the orientation, ϕ. The results showed that for a

variety of polymers there is a correlation between D, D0, and ϕ with ve. The

fibrils’ associated parameters were seen to increase as a function of an increase in

entanglement density. Both Donald and Berger’s results served to support what

will become known as Kramer’s geometrically entanglement loss theory (GE),

due to his well-known premise that states that for crazes to occur ”there needs

to be a geometrically necessary entanglement loss” [15].

Imagine two chains A and B, that are constrained by an entanglement point,

C, as illustrated in Figure 2.21. In order for A and B to move and extend the

fibril, they must overcome this constraint, hence producing and entanglement loss

(i.e. disentangling) by diffusive motion, see Figure 2.21 (b)). If the chains are

indeed longer than 2Me, they comply with this constraint requirement.

Figure 2.21: Entanglement loss process in crazes, adapted from [18].
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An additional observation made by Kramer and Donald was that as polymer

molecules become longer and longer, the strands crossing the surface in the ac-

tive deformation zone of the fibril diameter, D, were assumed to break rather

than failing through disentangling. This was presumed on the basis that as the

entanglement density is increased, the stress to propagate a scission-mediated

craze will increase relative to the stress to propagate the deformation active zone,

DZ. Consequently, shear deformation becomes the dominant mode of defor-

mation rather than disentanglement in relatively high ve materials [18]. In his

book, Kinloch [87] states that the mechanical endurance of polymers is a result

of structure and morphology, where the overriding factor appears to be molecular

anchorage. During chain scission, the anchored molecules tend to be severed,

while in disentanglement these are seen to be pulled out if not held strongly

enough. In amorphous thermoplastics, the anchorage comes as a result of the

number of physical entanglements.

2.7.3 Temperature effect on crazing

Donald [88] and Berger [19] studied the effect of temperature on the initiation

and formation of crazes. Their results showed that the temperature at which the

transition from crazing to shear deformation occurred decreased with increasing

molecular weight. In his study, Berger presented evidence for this in a series of

monodisperse PS. His results showed an increase in the craze extension ratio as

a function of increasing temperature, which drops in relation to an increasing

molecular weight, as per Figure 2.22.

The data demonstrates that λ is dependent on molecular weight at elevated

temperatures. Berger explains the increase in craze extension at higher tempera-

tures as being driven by a chain disentanglement mechanism that is dependent on

molecular weight through a disentanglement time associated with chain diffusion

dynamics. To account for this, Berger assumes that the disentanglement process

follows the reptation model, where the diffusion coefficient can be traced to equa-

tion 2.10. Similarly, the existence of a void surface in the craze active zone can

exert a higher mobility on the adjacent chains as it serves to relax the constraints

on the chain’s segments. Another important remark of this study was the effect
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Figure 2.22: Craze fibril extension ratio as a function of Me in various polymer
systems, adapted from [19].

of strain rates: at high strain rates and lower temperatures a scission crazing

mechanism was favoured, which was also independent of molecular weight.

In his analysis of failure mechanisms for polyolefines, Deblieck [86] extensively

compares Kramer and Argor models to arrive at the following conclusions:

1. At low temperatures and high strain rates the characteristic time for dis-

entangling a chain becomes long with respect to the time scale of the ex-

periment and surface will be created as the chains will tend to break (e.g.

chain scission).

2. At elevated temperatures and low strain rates, chain relaxation becomes

relatively faster compared to the time scale of the deformation process, and

new surface will predominantly be formed by intermolecular separation and

chain disentangling (e.g. disentanglement).
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Various authors [89; 90; 91] have commented upon these arguments, support-

ing their validity.

2.7.4 Modelling of crazing

Kramer and his team [14; 17], discussed two different mechanisms over which

crazes form: disentanglement and chain-scission. Plummer [18], provided a de-

tailed account of the surface energy and material drawing mechanical consider-

ations involved in both these processes. The first distinction made by Plummer

and Donald was on the nature of the the entanglement network. Contrary to

previous studies [92], Plummer considered entanglements as moving points in

the case of in-plane deformation, and he stated that contrary to Kramer and

Berger’s assumptions, the probability of a chain to cross adjacent molecules is

greater than one. As a first approach to the development of his model, Plummer

evokes Kramer’s definition of chain-scission effective surface energy at the void

tip as 2.22,

Γs = Γ0 +
Udeve

4
(2.22)

where U is taken to be approximately the bond energy of the chain backbone

and Γ0 the van der Waals surface energy. And then he establishes the following

assumptions:

1. For chain scission, the force to break a bond is approximated as: fb ≈
U/(2a), where a is the bond length. Hence, if fd < fb, Plummer assumes

that disentanglement will take place in preference to scission.

2. He assumes McLeish ”forced-reptation” model [89] for which chains are

anchored at one end and forced to reptate out of their tubes at a rate v.

3. There is a molecular weight associated with each chain crossing Mc that

determines its frictional force, δf .
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4. He defines a critical molecular weight, Mcrit at which fb becomes effective

and chain scission dominates.

By defining Mcrit, Plummer is able to establish the transitioning between the

disentanglement process, and the preferential breaking of the chain at a maximum

force limit, fmax. In this view, Plummer modified the expression for Γ, (equation

2.22), to provide a molar mass relationship to describe the crazing process seen

at the disentanglement regime, M > Mcrit, and an expression to account for the

chain scission crazing mode at M ≤Mcrit.

Figure 2.23 presents the surface tension curves for a series of monodisperse PS

of different molar mass. The predictions capture the drop of Γs with temperature,

but what is particularly interesting is that at lower temperatures Γs seems to be

approximately independent of M (i.e. appears very similar in both samples).

As the temperature increases, the samples enter the slope of the mixed scis-

sion/disentanglement regime, and at higher temperatures (i.e. disentanglement

regime exclusively), Γs is seen to be strongly dependent on the M characteristics

of the PS systems, showing remarkable differences in the behaviour between both

systems.

Compared to Kramer and Berger’s model [92], Plummer’s predictions ac-

counted for a possible molecular weight reduction in the scission/disentanglement

slope; and provided a closer agreement between theory and experimental data.

Even though the studies performed by Kramer and his team are fundamental

to the understanding of crazing, there are limitations that arise from the use

of thin polymer films. For instance, the thickness of a thin film could reach

the same order as the craze’s thickness, thus imposing conditions of plane stress

rather than plane strain. Similarly, the Tg and bulk modulus of thin PS films

are lower than those of polymers in the bulk [93]. De Focatiis [24], developed

an alternative three-point creep bending method to measure the craze initiation

stress, CIS, in miniature bulk polymer specimens, allowing the use of minimum

material quantities (< 10 mg). The technique involves the use of a custom-made

miniature three-point creep bending rig that transfers the load to the specimen.

The formed crazes are optically analysed and measured by relying on the light

reflected by the crazes. To ensure the quality of the crazes is adequate for optical

inspection, De Focatiis makes use of a mild-environmental agent to facilitate craze
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Figure 2.23: Predicted surface tension, Ts, curves for two PS systems at ε̇ =
4x10−6s−1, adapted from[18].

formation. Agents promote crazing either by a local plasticisation process leading

to enhanced mobility or by interfacial tension reduction, without modifying the

polymer Tg, as documented for dyethelene glycol, DEG [24].

The method involves the calculation of a CIS, σc, namely the stress at which

crazes originate in a given creep time, through the assumption that outside the

crazed region the tensile stress of the specimen can be described by elementary

beam theory. In his first study, De Focatiis was able to validate the accuracy

of this technique with the isochronal creep testing of three different PS systems:

two monodisperse and one polydisperse. The materials were tested both in air

and diethylene glycol, DEG , an environmental crazing agent, at a range of creep

times.

In a subsequent study De Focatiis carried out isochronal 300 s CIS measure-

ments for a wide range of monodisperse PS materials of varying molecular weights
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, and of branched monodisperse specimens (3-arm and 4-arm stars, and one H-

shape). De Focatiis reported difficulties in growing crazes in the monodisperse

systems with lowest molecular weight (M = 68, 000 g/mol). The calculated CIS

values for the materials above this value are presented in Figure 2.24.

Figure 2.24: Craze initiation stress for monodisperse and branched PS systems,
adapted from[20].

For the lower molar mass materials the CIS is seen to increase linearly with

logM , as would be expected if disentanglement is the rate-limiting step in craze

formation. Nevertheless, at a critical molar mass (≈ 140, 000 g/mol), there is a

transition where σc becomes independent of M , as suggested for a chain-scission

mechanism. The opening premise is based on Kramer’s findings that craze forma-

tion is indeed driven by entanglement loss. De Focatiis recognised that disentan-

glement crazing occurs when there is sufficient chain mobility, e.g. in relatively

high temperatures or solvents. Yet, when chain mobility is reduced, e.g. in

dry environments or low temperatures, crazing is preferentially conveyed through
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chain scission.

Craze initiation stresses were also reported for a variety of creep times (t =

12 s,60 s,300 s and 1800 s) for the monodisperse materials. The results confirmed

that craze-growth is time-dependent, and the appearance of crazes changed with

creep time. Micrographs confirmed that longer times produced wider, more de-

veloped craze patterns.

In terms of explaining his results quantitatively, De Focatiis suggests that

free surface is the rate-limiting step in craze initiation. This process involves the

creation and stretching of a number of craze fibrils per unit area of craze. In order

for these fibrils to form, the molecular strands in the free surface surrounding

the fibril must disentangle or break. As voids form, fibrils elongate, and thus

a displacement normal to the craze plane develops. De Focatiis argue that as

this occurs, an additional area A0 of new surface per surface-crossing strand is

created with a free energy cost of ΓA0, where Γ is the specific surface energy of

the fibril. In disentanglement crazing, the surface-crossing strands retract within

their tubes, losing their entanglements and allowing the formation of the free

surface to form a craze fibril. The rate-limiting step for this process is chain

retraction, which De Focatiis attributes to occur on the time scale of the longest

Rouse time, τR, alternatively defined as τR = βζM2/T , where β is a monomer-

specific constant, and ζ is the monomeric friction coefficient. The Rouse time is

shortened by an Eyring-like acceleration, and the time scale for craze initiation

to occur is modelled through equation 2.23

τc =
βζM2

T
exp

(ΓAc − σVc
2kBT

)
(2.23)

where Vc is a craze activation volume, and Ac is a constant associated with craze

surface area. De Focatiis introduces an expression for craze initiation stress, σc,

as:

σc =
2kBT

fVc
[ln ζ + 2 lnM − lnT − ln t+ ln β] +

ΓAc
fVc

(2.24)
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where the square bracket term is simply ln(τR/t).

A remarkable contribution of De Focatiis’ proposed crazing stress model was

the capability of validating it against other sets of published data. For com-

parsion, he made use of the experiments by Han et. al [91] on craze initiation

strain data in monodisperse PS thin films. The data was processed through the

application of an equivalency equation to transform creep time tensile data at

constant strain rate to creep-equivalent time per craze initiation stresses for di-

rect comparison. De Focatiis calculated an effective craze activation volume of

fVc = 1.8 ± 0.3nm3 from his own data, whilst in Han’s data the fVc value was

1.8± 0.4nm3, remarkably close. Both sets of data are presented in Figure 2.25.

Figure 2.25: Calculated craze initiation stresses for the data of De Focatiis and
Han [20], exhibiting the disentanglement and crazing regimes.

It is possible to identify two regimes, one slope and a steady plateau. The slope

is the disentanglement mode, where the two data sets show the same gradient,

reflected in their agreement in the activation volume. The effect of the crazing
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environment (air vs. DEG), is a vertical shift as a result of the solvent reducing the

interfacial tension of the polymer. The steady plateau is thought to be crazing

by chain scission, and this occurs at a similar transition limit at ln ζ − lnT +

2 lnM−ln t ≈ 3.7. The agreement between both sets of data is encouraging, and it

provides further experimental evidence that the crazing dynamics modelled by De

Focatiis, considering the Rouse time for chain retraction as the rate-limiting step

for the formation of crazes, are in fact representative of the observable mechanical

crazing phenomenon.

Even though De Focatiis model looks promising for predicting crazing by

disentanglement in monodisperse glassy polymers, one of the final observations

made was the uncertainty on how to extrapolate this to a polydisperse material.

2.7.5 Crazing and birefringence

The importance of recognising orientation in polymer systems was discussed in

section 2.6. Anticipating the onset of crazing in oriented polymer systems pro-

vides a route for understanding how anisotropy influences deformation in these

glassy systems. In a recent study [21], De Focatiis and Buckley applied Maestrini

and Kramer’s [94] craze fibril growth model to the experimentally obtained craz-

ing stresses for a series of drawn polymers with known thermomechanical melt-

state histories. Monodisperse and polydisperse PS materials were oriented at

different temperatures (103 ◦C to 150 ◦C), stretch ratios, and with different dwell

times prior to quenching. The orientation was characterised through birefringence

measurements. De Focatiis reported that in temperatures ≈110 ◦C, crazes were

difficult to induce, as specimens deformed plastically rather than by crazing. At

temperatures <105 ◦C, plastic deformation always occurred over crazing. Never-

theless, at higher temperatures, the crazing stress was seen to decay towards the

undrawn (isotropic) state, with increasing temperature, as presented in Figure

2.26.

The relevance of these results lay in the fact that for a given melt defor-

mation (i.e. stretching or orientation), the crazing becomes dependent on the

frozen-in orientation. In low drawing temperatures where the material experi-

ences large amounts of frozen-in orientation (or increasing Weissenberg number,
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Figure 2.26: Measurement of average crazing stress as a function of melt-drawing
temperature for materials AF, AG and R[21].

Wi, Wi < 1), the crazing stress becomes larger regardless of the polymer’s molar

mass characteristics. At high drawing temperatures, the crazing stress decreases

with increasing drawing temperature eventually approaching the isotropic region

(where WiR ∼ 1).

De Focatiis made used of Maestrini’s [94] expression to calculate the crazing

stress difference in oriented specimens compared to isotropic ones as a function

of the conformational stress, σconf , equation 2.25.

σc − σisoc =
σconf
β

(2.25)

where σconf is obtained from the measured birefringence through the stress-optical
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coefficient, and β is a proportionality constant. Through the stress-optical rule

(2.6) De Focatiis was able to fit the value of β to 0.059±0.002 in the linear

regression of their data up to a birefringence limit of 0.0072. The data is available

in Figure 2.27.

Figure 2.27: Crazing stresses of drawn samples relative to that of isotropic spec-
imens, plotted versus the birefringence [21].

The significance of the above results is that through equation 2.25, and the

ROLIEPOLY model for birefringence 2.20, the proposed approach enables pre-

dictions of crazing stress from the recognition of the conformational stress.

2.8 Summary and objectives

This review has chronologically analysed experimental manifestations of the ef-

fects molar mass and molar mass distribution on the mechanical and rheological
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behaviour of polymers, with a focus on PS. The increase in mechanical properties

with molar mass was made evident in the first section. Similarly, the limitations

in parametrising these with universal molar-mass-derived concepts were explored.

A brief review on viscoelasticity presented some of the fundamental concepts

that underpin current constitutive models, both for solid-state and melt-state

properties of polymers. The importance of accurately describing the diffusion

and relaxation of the entanglement network was recognised as a priority in inter-

preting the motion mechanisms of chain-distributions in monodisperse, bimodal

and polydisperse systems; particularly through the associations of the different

relaxation times (τR, τd, τe), with molar mass (M). The GR, ROLIEPOLY and

GM models were discussed in the frames of solid-state and melt-state constitutive

equations for predicting the behaviour of PS in compression tests, stress-strain

curves of drawn specimens with frozen-in molecular orientation, and birefringence.

The models proved to be successful at describing the behaviour of monodisperse

systems, yet they failed to capture the behaviour of more complex polydisperse

systems, where the definition of relaxation modes still requires a non-linear ap-

proach to account for the distribution of relaxation-times in materials with wide

MMDs. At present, there is not a single model capable of simultaneously pre-

dicting both LVE and NLVE for any type of polymer distribution (monodisperse,

bimodal or polydisperse). They are found to be exclusive to either system, with

evident loss in predicting resolution when these become ever more complex (e.g.

binary blends of polydisperse systems).

An added problem is the lack of a basic definition of the interacting limits

between short and long molecules in highly heterogeneous distributions. Various

questions still remain unresolved, even at defining key transitioning phases, such

as: how shorts do chains need to be for them to start acting as a solvent for longer

chains? Although there is a phenomenological understanding that this effect is

real (η ∝ M3.4), currently, there is a pressing need for an elementary physical

interpretation of how and when can one expect this to happen, and what are

the relaxation mechanisms involved. The treatment of these questions becomes a

priority, particularly when looking at industrially observed time-dependent me-

chanical phenomena that can affect the life-time of the material, such as crazing

in PS.
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Crazing in glassy polymers was discussed through an entanglement perspec-

tive, trying to associate the molecular dynamics involved in this deformation

phenomenon. Studies revealed a correlation between the formation and craze

stability, and molecular entanglements (crazes form for M > 2Me). Two mech-

anisms of craze breakdown were explored: disentanglement and chain scission.

These processes were examined through studies in thin film and bulk specimens,

and while successful attempts of predicting the behaviour of monodisperse mate-

rials were made, the capability of these models still remains limited when applying

them on bimodal and highly polydisperse polymer systems.

The current study aims at addressing some of these questions and providing

qualitative and quantitative explanations through the careful testing and analysis

of the molecular interactions for a series of PS systems, with different inherent

levels of heterogeneity in their molar mass distributions. Materials were carefully

chosen to cover a wide range of different molar mass polystyrene systems: ho-

mopolymer monodisperse materials, bimodal blends of monodisperse homopoly-

mers, polydisperse polymers and blends of polydisperse polymers. PS is a widely

used and extensively studied material, offering the possibility of compatible sets

of data for theory validation.

Chapters 4, 5 and 6 cover the bulk of the experimental data of this study. In

chapter 4, gel permeation chromatography and differential scanning calorimetry

are used to achieve the following:

• Characterise and determine the differences in the molar mass averages and

distributions of the analysed systems.

• Identify potential side effects in the resulting blends when using melt-mixing

and solution blending as two mixing approaches.

• Register the differences in the thermal responses associated with chain

length by recording the Tg of the studied materials.

• Interpret available phenomenological blending rules that aim at predicting

molar mass related parameters (e.g. Tg of a polymer melt/solution).

In chapter 5, the materials are studied in isochronal 3-point creep to deter-

mine their craze initiation stress, following a documented miniature specimen
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methodology by De Focatiis [24]. The results will serve to justify the following

objectives:

• A piecewise linear rule has been established to predict the craze iniatiation

stress of monodisperse materials [20], yet this needs to be extrapolated to

enable the prediction for polydisperse systems.

• Previous studies have failed when attempting to craze PS materials below

the M < 2Me limit. This association has only been studied in monodisperse

PS systems, and it needs to be clarified whether this limit is also applicable

to polydisperse polymers where Mn < 2Me, but Mw > 2Me. In this study,

the analysis and testing of highly polydisperse blends aims to address where

this boundary lies.

• The birefringence characterisation and subsequent crazing study in oriented

bimodal blends of monodisperse materials will serve to provide experimental

evidence for validating the applicability of the current state-of-the-art of

De Focatiis model for predicting frozen-in birefringence based on the stress-

optical coefficient [21].

Chapter 6, is aimed at comparing rheological simulations as suggested by

leading theories in the field, against the data obtained through oscillatory and

steady shear experiments. This chapter is set to provide experimental evidence

to the following questions:

• What is the state of current rheological models for linear and non-linear

viscoelasticity? Is there such thing as a universal model?

• How can current rheological models cope with differences in molar mass dis-

tribution and polydispersity? Furthermore, are these capable to account for

dilution effects associated with the presence of highly unentangled fractions

in polymer systems?

• What are the manifestations of polydispersity, particularly in non-linear

data?
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The research of the items above, is documented in this thesis, and the overall

objective is to use current available models for the interpretation of solid-state

and melt properties of polymers, to subsequently scrutinise these based on the

collected experimental evidence to identify further improvements in the treatment

of molecularly-defined theory parameters.
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Chapter 3

Materials and Methods

3.1 Materials

One of the main objectives of this research is to evaluate how the mechanical and

rheological characteristics of glassy PS are affected by molar mass and molar mass

distribution. Therefore, it was decided to analyse four different sets of materials

each of them representative of distinct molar mass distributions:

1. Monodisperse PS : three systems representing low, medium and high Mw

were synthesized at the University of Durham by living anionic polymeri-

sation with benzene as the solvent and sec-butyllithium as the initiator

using standard high-vacuum techniques [95]. The obtained monodisperse

materials are representative of narrow molar mass distributions with PDIs

in the range of 1.08-1.14. These materials are labelled BF-BG, and will be

reported in chapter 4.

2. Bimodal blends of monodisperse PS : four different blends were obtained by

combining the above monodisperse materials in a range of blending ratios,

from 10% to 50% of the higher molar mass component. The blends were

synthesized at the University of Nottingham by chemical blending in a

tetrahydrofuran (THF) solution and further precipitated in methanol. The

resulting blends were carefully dried in a vacuum oven at constant mass,
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following the procedure suggested in [96]. These materials are labelled BI-

BL and will be reported in chapter 4.

3. Polydisperse PS : three commercial polydisperse materials with wide molar

mass distributions were purchased from Dow Chemicals, and Sigma Aldrich,

with quoted Mw of 216 kDa, 35 kDa and 350 kDa. These are labelled R, BX

and BY, respectively and presented in chapter 4.

4. Bimodal blends of polydisperse PS : eight bimodal blends were obtained by

two different methods: four attained through solution blending and four

by melt-mixing the above polydisperse materials in a range of blending

ratios ranging from 5% to 50% of the higher molar mass component. These

blends were prepared at our Nottingham Laboratory following the methods

described below.

Solution blending : The weighted polymer components were dissolved in

THF to give a 5-10 weight% solution. The liquid solution was then left

stirring for at least 1 hr prior to precipitation to ensure dispersion. The

solution was then precipitated in methanol in a 1:6 ratio. The obtained

white solid polymer was collected by vacuum filtration and dried in a vac-

uum oven to constant mass. Throughout this study the subscript −sb will

be used to refer to the solution blended samples used in this research. The

blends are labelled CAsb-CDsb, and presented in chapter 4.

Melt-mixing : The polydisperse components BX-BY were weighted in the

corresponding blending ratios (i.e. 5% to 50% of the higher weighted compo-

nent) and fed into the hopper of a twin screw recirculating extruder HAAKE

Mini-Lab II Rheomex CTW 5 fitted with corotating conical screws.The

polymer granules were allowed to melt-mix and recirculate through the

screws cavity. In this trial, a 50 rpm rotational speed was selected for

the mixer rotating screws. The constituent materials were compounded

at 200◦C for 15min in ambient air at 1 bar. Throughout this study the

subscript −mm will be used to refer to the melt-mixed samples used in this

research. The blends are labelled CAmm-CDmm, and presented in chapter

4.
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A summary for the aforementioned materials is provided in tables 3.2 to 3.4.

A further analysis on the molar mass properties for such polymer systems will be

provided in sections 4.2.1 and 4.2.2.

Table 3.1: Detail summary for monodisperse materials used in this study.

Code System Description

BF
Atatic Monodisperse

Low Mw-90 kDa
BG Medium Mw-250 kDa
BH High Mw-500 kDa

Table 3.2: Details summary for bimodal blends of monodisperse PS materials
used in this study.

Code System Blending composition

BI

Monodisperse blends

90%BF, 10%BG
BJ 80%BF, 10%BG
BK 50%BF, 50%BG
BL 80%BF, 20%BH

Table 3.3: Details summary for polydisperse materials used in this study.

Code System Description

R
Atactic Polydisperse

Dow Chemical PS680E Mw-216 kDa
BX Sigma Aldrich Mw-35 kDa
BY Sigma Aldrich Mw-350 kDa

3.2 Size Exclusion Chromatography (SEC)

The Molar Mass Distribution (MMDs), of the above materials were analysed

using Size Exclusion chromatography, SEC. In SEC, polymer molecules are dis-

solved in a solvent, and are sorted according to their size through the repeated

exchange of the solute molecules with a chromatographic porous-particle column
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Table 3.4: Details summary for bimodal blends of polydisperse materials used in
this study.

Code System Blending composition

CA
Solution blended :

Polydisperse blends

95%BX, 5%BY
CB 90%BX, 10%BY
CC 80%BX, 20%BY
CD 50%BX, 50%BY

CA
Melt-mixed :

Polydisperse blends

95%BX, 5%BY
CB 90%BX, 10%BY
CC 80%BX, 20%BY
CD 50%BX, 50%BY

packing. The size of the pore packing determines the molecular size range within

which separation occurs [97]. Depending on the sort of media used, the technique

can be referred to as Gel Permeation Chromatography, GPC, or Gel Filtration

Chromatography, GFC. GPC is usually used to refer to analyses employing or-

ganic solvents, compared to the aqueous solvents used in GFC. Throughout this

thesis, the term GPC will be used preferentially as the SEC technique of choice.

The information on the MMD of polymers can be extracted from the molecular

size-distribution curve obtained by means of a concentration-sensitive detector.

In conventional SEC this detector is usually one which measures the differential

refractive index (RI) of the particle size in solution.

At the end of an SEC experiment, the data obtained is a function of reten-

tion volume, VR. The challenge in SEC is to homologise samples obtained using

different instruments and experimental conditions. Therefore the elution curves

containing the MMD information have to be treated accurately and precisely to

remove experimental features that may bias the measured data. The standard

way to achieve the reference size or molar mass parameters for a MMD in con-

ventional SEC (e.g. using only a single detector, usually RI) is via a calibration

process [98]. The calibration of the SEC equipment is achieved by relating the

VR to the molar mass, logM , of a polymer sample that is used as a standard.

Standards are commercially available materials that consist of narrow-MMD, -e.g.

monodisperse materials-, in a wide range of molecular weights, i.e. ranging from
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30 kDa to 2000 kDa. Common standards are currently available for materials such

as polyethylene (PE), polymethyl methacrylate (PMMA) and polystyrene (PS).

A calibration curve is constructed by correlating the relative peak position of the

polymer standard in the chromatogram with the M value quoted by the man-

ufacturer, in what is commonly known as peak-relative calibration. Figure 3.1

shows a standard calibration curve for PS. The calibration constants are drawn

from the slope values for y, in the form of y = −ax+ b.

Figure 3.1: Conventional column calibration plot for a series of PS standards
ranging from 580 Da-1112 kDa.

M is used instead of the size of the polymers as these can be susceptible to tem-

perature and solvent variations, while M is directly proportional to the contour

length of the molecule.

Other additional methods of extracting the absolute molecular weight M , of

the polymer molecule involved the use of additional detectors, such as a viscome-

ter. In viscometry, the M data can be extracted from the retention volume signal
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through universal calibration, performed by using Einstein’s viscosity law, and

the Mark-Houwink equation.

In addition to viscometry, the most accurate and precise SEC systems use

laser detectors to analyse further phenomena of polymers in dilute solutions such

as the thermodynamics, branching, aggregation and conformation, among others.

The use of multi angle light scattering methods, MALS , allows to measure the

amount of light scattered by a dilute polymer solution at specific angles, θ. In

a SEC-MALS experiment, the scattered light is detected at various angles θ,

for each slice i eluting from the SEC column. The advantage of using a dual

RI/MALS SEC system is that it allows to measure an absolute value of Mw,

that is independent of experimental conditions such as solvent and temperature

through its proportionality with the excess Rayleigh ratio,

R(θ) ∝ c×Mw (3.1)

where c is the concentration. For this reason, light-scattering photometers are

recognised as molar-mass-sensitive detectors[97]. By rearranging equation 3.1,

Mw ∝ R(θ)i
c

, which means that for each chromatographic slice i, the ratio of

the signals from the MALS photometer R(θ)i and the concentration-sensitive

detector ci, is proportional to Mw,i. Since the slices eluting from the SEC column

are sufficiently narrow, for any given slice i, Mz,i ≈ Mw,i ≈ Mn,i ≈ Mi. The

MMD can then be obtained through the combination of concentration-sensitive

and MALS detection of the ci and Mi at each elution slice. The associated M -

averages of the polymer are obtained via,

Mβ =

∑
ciMi

x∑
ciMi

x−1 x = 0, β = n;x = 1, β = w;x = 2, β = z (3.2)

The raw-data curve obtained by SEC represents a size distribution in weight

concentration type of plot. From SEC, equations 2.1 and 2.2 become, 3.3 and
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3.4, respectively

Mn =

∑N
i=1 hi∑N

i=1(hi/Mi)
(3.3)

Mw =

∑N
i=1(hiMi)∑N
i=1 hi

(3.4)

where hi is the SEC curve height at the ith volume increment, and Mi is the

molar mass of the species eluted at the ith retention volume [97].

The GPC measurements of this study where performed using an Agilent Tech-

nologies system, with a Wyatt MALS Dawn multi angle light scattering detector.

The equipment was validated using polystyrene standards ranging from 30 kDa

to 2000 kDa. The column used was an Agilent PLgel Mixed C column, with a de-

tection range of 0.400-2,000 kDa with THF as a solvent. Column calibration was

performed using polystyrene standards and applying peak-relative calibration,

a universal calibration without the use of a viscometer was also conducted by

applying the Mark-Houwink equation. Finally, peak average molecular weights

were also validated using the MALS detector.

The experimental raw-data, obtained in the form of a refractive index signal

vs. retention volume, was analysed using ASTRA, the equipment’s software to

produce a molar mass distribution curve through universal calibration [97; 98],

and calculate the corresponding molar mass averages.

3.2.1 MMDs: MatLab analysis

Although automatic and seemingly convenient, the calculation of molar mass av-

erages provided by ASTRA can often be inconsistent, as the fitting of a baseline

is dependent on the user’s manual determination of left and right trimming limits

of the baseline data points. This can lead to inconsistencies as the molar masses

of inherently smaller and longer chains, or narrower and wider distributions may
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be subjected to differences in their baseline treatment and limits specified. Hence,

it was decided that an automated procedure should be created to ensure all the

experimentally obtained molar mass distributions are computed using a repro-

ducible data extraction procedure. For this reason, a purpose-defined algorithm

was developed and written by the author in MatLab [99]. This sequence allows

to use the raw GPC data to establish a baseline by means of a user-defined

parameter of a number of standard deviations.

The procedure to use the MatLab script is as follows: first, the raw data from

the Agilent GPC is uploaded into MatLab as a text file of VR versus refractive

index, RI. The user manually inputs the area at the ends of the distribution, where

there appears to be less noise. Then, the MatLab code interpolates the raw data

into a newly fitted distribution accounting for the baseline correction. The new

baseline was calculated by performing a linear regression on the original data to

obtained an optimised baseline. Figure 3.2, presents the difference between the

original baseline as provided by the raw Agilent file (black), compared to the

MatLab’s code newly regenerated baseline (red).

It is important to assure the baseline is as flat as possible, since the further

determination of the molar mass peaks will be susceptible to any skewing of such

a reference.

Once the baseline has been established, the code uses the standard deviation,

S, as the defining parameter to trim the data of the beginning and the end of

the onset of the distribution curve. To achieve this, a parameter for the standard

deviation was defined as,

S =

√√√√ 1

N

N∑
i=1

(xi − µ) (3.5)

where N represents the number of data points in the new corrected baseline, xi

refers to the observed data point, and µ is the mean. In this particular study, a

value of S = 3 was found acceptable and subsequently applied to obtained the

molar mass distributions for the reported materials. The script then uses a search
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Figure 3.2: Processed GPC data, showing the original baseline (black), and the
optimised baseline (red) using MatLab’s code linear regression.

min and max points to define the peaks and length of the distribution. Once this

is established, the value set for S will be used to establish the trimming points

on the left and right of the distribution data set. The limits will then be located

at three standard deviations off the baseline value, where in Figure 3.3, this is

represented by the intersection of the left and right limits (lines black and red,

respectively), with the standard deviation limit (blue line).

Because the number of standard deviations is fixed, it allows the procedure to

be repeatable when used in combination the any material’s baseline, and ensures

the data is handled in the same exact way. Now that the limits of the distribution

have been defined, it is necessary to convert the retention volume signal into a

molar mass value through its correlation with the calibration constants a and b,

as given by y = −ax + b. The obtained value will be equal to logM . The RI

signal, defines the fraction.
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Figure 3.3: SEC data processing using the MatLab script through the definition of
a number of standard deviations (continuous blue line) from the baseline (dashed
blue line) to determine the distribution. Trimming limits are defined as a function
of the standard deviation chosen by the user. The intersection of the blue line
with the black and red lines shows the molar mass distribution data considered
for the analysis.

Because after this the data is a function of molar mass, M to mass fraction,

wi, the code is able to calculate the molar mass averages Mn and Mw, through

equations 2.1 and 2.2. Figure 3.4, presents a representative plot of material

BJ (80% BF and 20% BG) as processed by the MatLab code for the molar mass

distribution of one of the analysed materials. The computed molar mass averages

are shown as black thick lines.

The code provides the calculation of three distinct molar mass averages,

namely: Mn, Mw, and M z. The script, also provides the functionality of pre-

senting the distribution as a normalised function (Figure 3.5).
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Figure 3.4: Molar Mass Distribution of material BJ as processed using the Mat-
Lab code. Molar mass averages Mn, Mw, and M z are shown as thick black
lines.

All the SEC used in this analysis will be processed using this technique, and

will be plotted as a function of normalised weight fraction vs. lnM , molar mass.

As will be presented in section 4.2.

3.3 Differential Scanning Calorimetry (DSC)

Differential Scanning Calorimetry, or DSC, is a technique used to identify the

heat capacity and glass transition temperature of polymer materials. The glass

transition is known to be a material parameter affected by molar mass variations

[3; 4; 5]. This based on the fact that polymer systems of lower molar mass have

more chain ends, which increase mobility and in turn free volume, θ. Tg and θ
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Figure 3.5: Normalised Molar Mass Distribution as processed using the MatLab
code. Molar mass averages Mn, Mw, and M z are shown as thick black lines.

are correlated through equation 3.6,

Tg(M) = Tg(δ)− 2
ρθNav

αfM
(3.6)

where Tg(δ) refers to the glass transition temperature of a polymer at infinite

molar mass, ρ is the density, Nav is Avogrado’s number and αf is the free volume

expansion coefficient. The term (2ρθNav)/αf can be substituted by constant K

as suggested by [5].

76

emxas3
Highlight



3. Materials and Methods

3.3.1 Equipment validation

DSC tests were performed with the aid of a Q10-QSeries DSC from Thermal

Analysis (TA) instruments. Due to time and equipment constraints, some of

the final DSC tests had to be performed in an alternative Linkam temperature

controller microscopic stage from Linkam Scientific instruments. To validate the

differences between the temperature calibration of both sets of equipment, three

standards were used to create a correlation plot between the signals obtain in

these. Gallium, Indium and Tin were used as standard materials with defined

melting points, their recorded values are presented in Table 3.5.

Table 3.5: Comparison of Tg as measured by the Q-10 TA and Linkam instru-
ments.

Material Q-10 TA Linkam Literature[22]
[◦C] [◦C] [◦C]

Gallium 25.55 34.4 29.76
Indium 156.50 154.9 156.60

Tin 231.82 215.1 231.93

To enable a correlation between these two sets of data, the melting points

for the standards as calculated from the Q-10 TA and Linkam instruments were

plotted as a linear function in Figure 3.6. The variation between the values

retrieved by both instruments is then assumed to be the calibration offset for the

melting points’ detection accuracy between the two.

This offset value will be used to homologise both sets of data, and will serve

to process the DSC results that will be further discussed in section 4.3.

3.3.2 Test profile

Specimen preparation for both instruments followed a repeatable procedure: pre-

pressed fragments of the PS materials were inserted into miniature pans (diameter

4 mm), carefully weighted and subsequently sealed using a manual miniature

press. A baseline measurement was done using empty reference plates at the

beginning of each sampling round to be used to calibrate the baselines of the
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Figure 3.6: Linear correlation between the Q-10 and the Linkam enquipment in
the melting points of the chosen standard materials. Literature data [22] is shown
in small symbols for reference

measured samples.

The sample was subjected to a temperature profile as follows: the temperature

was raised from room temperature (∼ 20 ◦C) to 200 ◦C at a rate of ∼ 20 ◦C/min,

until reaching 140 ◦C, at that point the temperature was slowly dropped at a

rate of ∼ 5 ◦C/min until reaching ∼ 60 ◦C. Once at ∼ 60 ◦C the temperature was

raised again up to 140 ◦C. The motive behind this, is to have characteristic Tg

changes in PS at two different rates, to ensure the changes experienced by the

polymer are real and the results are repeatable. The temperature profile for the

test can be seen in Figure 3.7.

78



3. Materials and Methods

Figure 3.7: Temperature test profile for the DSC analysis of PS samples.

3.3.3 DSC data Analysis

The Q10-QSeries is a differential calorimetry equipment which provides test spec-

imen and reference sample reservoirs that are maintained at nearly the same tem-

perature throughout the experiment. The reference sample is usually an empty

pan with no identifiable temperature transitions. The heat capacity and glass

transition of the specimen are calculated by subtracting the reference sample’s

baseline. The Q10-Q DSC instrument uses the TA data analysis software to pro-

vide a Tg measurement at the onset, midpoint and end values of the curve. In

this study Tg is taken as the temperature at which the specific reached value is

midway between the fluid and glassy states. A representative image of the TA’s

processed data is shown in Figure 3.8.

The data from the Linkam thermal stage was processed using the Linksys

32 software, which enables to subtract a baseline from a experimental library,
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Figure 3.8: Tg for material BI as processed by TA DSC data anaylsis software.

to plot the Tg curves. The Tg was calculated by plotting the peak value of the

derivative from the temperature/time plot. Following the format from the Q-10

TA instrument all the quoted Tg values in this research refer to the mid-point of

the slope.

3.4 Compression moulding

After the materials were characterised in terms of molar mass distribution and

glass transition temperatures, it was required to prepare solid moulded discs for

further crazing and rheological analysis. Discs of 0.5 mm in thickness and 25 mm

diameter were compression-moulded for all four sets of materials. This was done

through a hand-operated Moore hydraulic press with heated platens. Fresh sheets

of 0.15 mm thick soft temper 1200 aluminium foil from Multifoil Ltd, were used to

cover the top and bottom surfaces of the mould each time to provide a repeatable

surface roughness. In order to facilitate the demoulding of the disc samples, the

moulds and aluminium foil were sprayed with polytetrafluoroethylene, PTFE.

The machine direction of the foil was always aligned with the eventual direction
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of the tensile stress, in compliance to the procedure proposed by [100]. Once

the mould was prepared it was placed between the pre-heated press platens to

undergo the following thermal cycle:

1. Heating : The mould was left in between the pre-heated press platens to

reach a temperature of approximately 170 ◦C, for a period of 10 min during

which time the platens were slowly closed

2. Cycling pressure: Following the gradual heating of the mould, the clamping

force was then cycled manually for 5 min to dislodge any trapped bubbles

3. Hold : After the pressure cycling, the mould was then held at 170 ◦C at a

moderate pressure for an additional 10 min

4. Cooling : Finally, the mould was cooled down through water flow until the

mould reached the temperature Tg-20 ◦C

Figure 3.9 provides a schematic diagram of the moulding temperature-time

protocol.

The cooling rate of the material was measured with the aid of embedded

thermocouples during moulding. The temperature was monitored and recorded.

Moulding temperature curves are shown in Figure 3.10 as obtained in two different

PS moulding trials. The average cooling rate was calculated for both trials, and

was determined to be 15.3 ◦C per minute.

The isotropy of the obtained moulded discs was verified by measuring any

orientational birefringence using a polarizing microscope as described in section

3.6.

3.5 Crazing

3.5.1 Miniature specimen preparation

The crazing analysis performed in this study used a miniature specimen three-

point isochronal creep technique proposed by [23].
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Figure 3.9: Heated press moulding procedure. Adapted from [23].

This technique allows to use minimum material quantities (∼10 mg) and min-

imise waste, which suited the limited availability of our PS materials. Miniature

specimens were prepared by cutting the moulded discs in section 3.4, into parallel-

sided strips of material using a custom-made jig with parallel single-bevelled

blades. These strips where then trimmed into length to produce prismatic beams

typically 0.5 mm x 2 mm x 8 mm in size, with less than 10 mg each. The long

axes of the beams were aligned with the rolling direction of the aluminium foil to

keep a reproducible surface roughness.

The obtained miniature specimens were immersed in DEG, this mild solvent is

useful in crazing analysis, as it promotes environmental stress crazing, ESC [24].

The miniature beams were deposited in a container filled with analytical reagent

grade DEG, and left to rest for a minimum of 24 hours prior to testing. Previous

liquid uptake of PS in DEG has shown little difference over time as documented

elsewhere [24].
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Figure 3.10: Temperature profile of disc moulding process. Average cooling rate
temperatures are shown for reference for both recorded trials.

3.5.1.1 Laser cutting specimens

The possibility of finding new alternative methods of producing miniature spec-

imens was explored. The development of precise and adjustable laser cutting

tables provides a feasible opportunity to manufacture testing specimens for all

sorts of mechanical and rheological tests. Laser cutting instruments rely on the

use of a high power focused laser beam that acts as an energy blade to cut ma-

terials. The laser moves around a table working space through the use of motor

power axes and rotating belts to allow the reproduction of complex geometries.

Materials are mainly provided in the form of sheets and are laid on a working

table supported with an aluminium honeycomb pattern. The intensity of the

laser beam is controlled by two variables: power, P , and laser speed, v.

An experimental assessment was carried out on polymer R, to establish the
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laser parameters required to cut miniature crazing specimens, as well as exten-

sional rheological samples. The laser equipment used was a Trotec Speedy 100;

films of 6x6 cm and 0.15 mm thickness, -purposely moulded for this assessment-,

and discs of � = 25 mm and 0.5 mm thickness were moulded following the pro-

cedure outlined in section 3.4. The polystyrene films were laid in the honeycomb

bed, and were pressed down with squares of acrylic sheets of 3 mm to ensure the

films remained flat. The power and speed of the laser were gradually modified to

ensure the material was cut and could be demounted off the acrylic support.

Initially the material was layered, as per a sandwich structure, between two

layers of 3 mm acrylic to ensure it remained in position. However, it was found

that the PS melted together with the acrylic and was unable to be peeled off

from the acrylic without breaking. It was then decided to remove the top acrylic

layer off to cut the PS material directly with the laser beam. The laser power

was decreased to avoid cutting the bottom layer. Unfortunately, this also proved

to be challenging as the continuous movement of the laser caused the PS to fly

off the acrylic support. It was then decided to use some laser friendly adhesive

film to tape the PS to the bottom acrylic layer. This method seem to hold the

sample into place, and although it was possible to produce some samples through

this method, the obtained specimens were covered in dust from the residues of

the melted area where the laser beam went through. Hence, it was decided to

cover the whole PS sheet with a layer adhesive film to preserve the cleanliness

of the sample. This method was successful in cutting and protecting the sample;

after several adjustments the most promising setting for cutting the material

without catastrophically fusing this to the bottom acrylic layer was: P = 70 %

, v = 3 and laser resolution PPI=1000. With this setting it was possible to cut

both miniature crazing (7.5 mmx2 mm) and extensional rheology (20 mmx3 mm)

samples, although it was still required to manually remove some of the melted

zone surrounding the edge of the specimen with the aid of tweezers. Table 3.6

provides a summary of the different laser cutting parameters used along with

complementary observations.

Micrographs were taken of the edges of: (a) a mechanically cut miniature

specimen, -in accordance to section 3.5.1-, and (b) a laser cut one. Figure 3.12

clearly shows the appearance of a melt zone at the edge of the laser cut specimen.
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Figure 3.11: Laser cutting set ups explored for the production of miniature crazing
and extensional rheology specimens.

Table 3.6: Laser cutting parameters used for cutting PS specimens.

Set up P [%] v PPI Observations

a 100 0.5 5000 PS melted between acrylic layers. Unable to peel off.
b 60 6 1000 PS flying off acrylic base due to laser head movement.
c 40 6 1000 PS not cut, not melted dust residue left on specimen.
d 40 6 1000 PS not cut, not melted, no dust left on specimen.
d 60 6 1000 PS not cut, not melted; able to peel off acrylic base
d 100 6 1000 Beam too high, PS slightly melted.
d 80 6 1000 Beam still high, PS partially melted.
d 70 5 1000 PS partially cut.
d 70 3 1000 PS cut, but left with surrounding melted zone.

It appears using the laser to cut PS specimens causes the polymer to dramatically

melt and flow towards the centre of the creating an uneven cut surface. Bearing

in mind the miniature nature of the specimens, the melted area was measured to

extend ∼ 0.5 mm into the sample. This is considerable in samples with a total

width of 2 mm.
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Figure 3.12: Difference between mechanical and laser cutting of miniature crazing
specimens.

3D surfaces images of the miniature specimens were obtained by placing a

ZeeScan Phase view camera on our Olympus BX51 microscope. This software

allows to use fast and precise 3D acquisition without the use of stepper motors

or piezo devices. The 3D micrographs of manually cut and laser cut specimens

with dimensions of approximately 0.5 mm x 2 mm x 8 mm were processed. The

height (z-axis), was measured to provide surface roughness profiles. The image of

the manually cut specimen is shown in Figure 3.13, while the image of the laser

cut specimen is provided in Figure 3.14.

The most noticeable difference observed when comparing the height profile of

Figure 3.13 against that of Figure 3.14 is the profile gradient that is observed

in the laser cut sample, that goes from 179µm closer to the centre of the sam-

ple to 20µm at the edge where the laser has made contact with. The stepped

and non-uniform profile is consistent with the edge observed in the micrograph.

Since the miniature specimens rely on surface uniformity to promote craze for-

mation, laser cutting was considered an unsuitable method for the production

of these sort of samples. Nevertheless, this issue is not observed for extensional

rheology specimens, where the uniformity of the sample is not a requirement as

the material will effectively be heated above its Tg during the test. Thus, laser

cutting can definitely be used for the production of these samples for rheological

characterisation as explained in section 3.7.3.
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Figure 3.13: 3D profile of manually cut miniature specimen.

3.5.2 Crazing stress measurements

As has been reviewed in section 2.7 many studies have been previously reported

concerning the formation of crazes for PS, and a useful review for applied tech-

niques and craze initiation criteria can be found in [101]. This study focuses

on the application of a miniature specimen three-point isochronal bending tech-

nique developed by De Focatiis et al. [24]. In this procedure, miniature polymer

specimens are subjected to an applied load for a fixed creep time, leading to the

formation of crazes in a region in which the stress is equal to or exceeds the craze

initiation stress, CIS. This CIS can be determined from the bending moment,

M , and moment of inertia, I, beam. From first principles, for a beam of length
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Figure 3.14: 3D profile of laser cut miniature specimen.

L subjected to symmetric 3-point bending with a centred load P , the loading

moment M at position x is given by

M =
Px

2
− P [x− L

2
]→M =

Px

2
(3.7)

The moment of inertia for a rectangular beam of height h and width b is

definition of the moment of inertia for a rectangular shaped geometry is

Irectangle =
bh3

12
(3.8)
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Outside the craze region, the material can be assumed to follow linear vis-

coelasticity, and elementary beam theory is obeyed, described through equation

3.9

σ =
My

I
(3.9)

where y, refers to the distance to the neutral axis.

Hence by measuring the extent of the crazed region it is possible to evaluate

the stress at the edge of the crazed region, where in the given creep time the

stress was not sufficient for the crazes to form. By combining equations3.7, 3.8

and 3.9 the craze initiation stress, σc [24] is given by,

σc =
3

2

P (L− Lc)
bd2

(3.10)

A schematic showing the shear force and bending moment diagrams, is pro-

vided in Figure 3.15.

3.5.3 Miniature crazing rig

Craze formation was induced through the use of a custom-made three-point bend-

ing crazing rig. Two new rigs were developed and produced at the University of

Nottingham as part of this project, and pictures and a CAD explored view can be

found in the Appendix A (Figures 1, 2, 3). The crazing rig consists of a loading

tray which applies the load onto the specimen beam by means of a sliding tube

with a pointed tip at the end. The loading tray tip comes into contact with a

lightweight loading plate sliding in PTFE guides. These guides provide location,

with minimum friction. The loading plate supports the entirety of the load which

will be transferred onto the specimen positioned mid-way between the supports

or holders. The loading plate ensures accurate positioning of the load into the

miniature beam specimen. A photograph of the miniature crazing rig is given in

shown in Figure 3.16.

Each specimen is carefully located between two parallel supports, 5 mm apart
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Figure 3.15: Schematic diagram of the distribution of load determined from the
bending moment and moment of inertia of a beam subjected to symmetric 3-point
bending. The extent of the crazed region is shown by Lc, and the craze iniation
stress that can be calculated at the edge of this area is labelled as σc. Adapted
from [24].

from one another (L = 5 mm). These supports can be positioned by means of

screw holes machined at distances of 4 mm, 5 mm or 6 mm as shown in Figure

3.17(a). The miniature specimen was kept submerged in DEG using a very thin

strip of PTFE tape placed between the specimen holders to support the specimen.

A few droplets of DEG were put on top of the miniature specimen to wet the
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Figure 3.16: Photograph of the custom-made crazing rig for isochronal three point
bending creep of miniature specimens.

surface, and the DEG remained in place through surface tension as shown in

Figure 3.17(b). Finally, loading plate is placed on the specimen ready for the

load to be applied, shown in 3.17(c).

The applied load was left on the sample for a specific creep time, to ensure

craze initiation. After the experimental creep time, the load was removed and
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Figure 3.17: Details of the experimental set-up of miniature crazing specimens in
three point bending creep custom made crazing rig.

the sample was carefully dried to remove any remaining DEG, and moved to a

low power microscope for measurement.
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3.5.4 Quantification of the crazed region

To accurately see the crazes, it was necessary to reflect transmitted light from

a standard 40W desk lamp, onto the specimen. The craze surfaces are able

to reflect the light through and up to the microscope axis for viewing. A more

detailed schematic of the interaction between the specimen, light path and optical

microscope is shown in Figure 3.18.

Figure 3.18: Schematic representation for the optical microscopy technique of
craze measurement through light refraction, adapted from [24].

To achieve this interaction, it was required to reflect the source beam towards

the sample at an angle (2θ) to the vertical. The specimen support plate was

tilted by θ, and the reflected beam of white light was reflected by the craze along

the microscope axis. The arrangement for this procedure can be found in Figure

3.19.

Once crazes were viewed, it was necessary to quantify the extent of the crazed

region to compute the relevant σc. This was done by using an eyepiece microme-
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Figure 3.19: Experimental setup for the measurement of crazing through light
reflection under optical microscopy.

ter, and a 100 lines per inch graticule for calibration. A calibration measurement

was always performed before any craze measurement. After calibration, five sep-

arate measurements (c1-c5), were performed of the length of the craze region, Lc,

across the width of each specimen as is shown in Figure 3.20.

A micrograph of a typical specimen illustrating the crazes made visible by the

incident light is shown in Figure 3.21.

The average of the crazing length values of the five lines was used to obtained

the mean length, Lc, to be used in equation 3.10. All measurements were made

within one hour of crazing, to limit the effect of craze healing, and where carried

out at room temperature of approximately 20±1 ◦C.

3.6 Birefringence

3.6.1 Manufacture of oriented specimens

The preparation of oriented specimens was done by mechanically stretching rect-

angular bars at specific temperatures above the glass transition. The orientation
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Figure 3.20: Schematic diagram of the craze measurement quantification protocol.
The crazes in the specimen are measured at five longitudinal lines (c1-c5). Each
individual length is measured by correlation with the eyepiece micrometer, which
has been calibrated with the aid of a calibration graticule.

was captured by freezing the structure through rapid cooling before the molecules

could relax, with the aid of a freezing spray. The rectangular bars were press-

moulded using the same equipment and procedure as described in section 3.4. A

rectangular bar-mould was used to make for specimens with a 60 mm x 5 mm x

1.9 mm geometry.

The press-moulded bars were stretched using an Instron 4204 testing machine

fitted with an environmental chamber. The drawing of the PS bars was performed

close to or above the Tg of PS (∼ 106 ◦C). Four drawing temperatures were used:

106 ◦C, 116 ◦C, 126 ◦C, and 136 ◦C. The bars were elongated uniaxially at a strain

rate of ε̇ =0.02 s−1 and a draw ratio of λ =3. After drawing, the bars were

immediately quenched to a temperature below Tg by using a freezing spray.
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Figure 3.21: Micrograph of the craze measurements in a real specimen. Values
for each measurement line (C1-C5) are shown, and will be used to obtain the
average craze length, Lc, to be used in calculations.

3.6.2 Birefringence measurements

The birefringence in the oriented specimens was calculated by measuring the rel-

ative retardation, r , of the optic axes in the plane of the oriented bars when light

is transmitted. This was accomplished by using an Olympus BX51 microscope

fitted with polarizing optics and a thick Berek rotary compensator. In polarized

light microscopy, two filters are placed in a path of light, one below the objective,

known as polarizer, and one on top of the specimen, called the analyzer. The

polarizer filters the light rays to allow only light waves in one orientation to pass

through. A simple schematic of a polarizer microscope can be found in Figure

3.22

When the analyzer is perpendicular to the polarizer, all light rays are can-

celled. Birefringent objects have the ability to rotate or modify the light rays,

and therefore appear bright in a dark (cancelled) background. In this case, the

oriented molecules in the stretched specimens cause the light to be refracted, and

hence exhibit some birefringence.

Measurements were made by light transmission through the full thickness of

each oriented PS bar at room temperature in a white light environment.

The optical birefringence, ∆n was computed through equation 3.11,
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Figure 3.22: Illustration of a polarized microscope configuration from [25].

∆n =
r

d
(3.11)

where d is the specimen thickness measured using a micrometer.

3.7 Rheology

Rheology studies the flow and deformation behaviour of melts. It has since recent

years become the preferred method of linear and non-linear viscoelastic charac-

terisation of polymer melts. Rheological tests are performed using a rotational

rheometer, which is essentially a device that imposes and measures rotations

and torques. Depending on the fixture or geometry used, it is possible to ob-

tain specific information on the behaviour of polymers. The rheological tests in

this study were performed using an Anton Paar MCR-302 rheometer in air at-

mosphere, with parallel plate, cone and plate and extensional fixtures. A more
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detailed explanation of the configurations used is provided below.

3.7.1 Linear rheology

Linear rheology refers to the regime of behaviour in which polymers behave in a

linear viscoelastic manner, i.e. stress is proportional to strain at any given time.

Recently, steady-state oscillation has gained acceptance as the preferred method

for linear viscoelastic characterisation. In oscillatory tests, the shear strain and

stress varies sinusoidally. In this test, the polymer is usually constrained between

a top and bottom plate, and is sheared through the sinusoidal movement of the

top plate. The configuration for this test can be two flat parallel plates (pp), or

a cone-and-plate (cp), as shown in Figure 3.23.

Figure 3.23: Parallel-plate and cone-and-plate geometries for rheological tests,
from [26; 27].

In a cone and plate configuration, the relationships between shear stress, τ ,
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and shear strain, γ, depend on the radius R, and angle of the cone top plate θ.

The shear stress, τ , and the strain rate, γ̇ can be easily derived by correlation

with the applied torque, Γ, and the angular velocity, Ω, as per equations 3.12 and

3.13.

τcp =
3Γ

2πR3
(3.12)

˙γcp =
Ω

θ
(3.13)

Parallel-plate geometries are found to be more challenging when analysing

the mathematical definition for a shear stress over the cross-section, A, of the

material. Looking at a simple Newtonian case for shear flows, the shear strain, γ

is defined by the displacement, x0, at specific positions in z, represented by the

height, h.

γ =
x0
h

(3.14)

Hence, the shear strain rate, γ̇, simply becomes the differential change of γ

over time,

γ̇ =
dγ

dt
=
v0
h

(3.15)

In a parallel-plate set up, the velocity profile of the contained polymer is in

fact changing as a function of its position, z, with respect to the bottom plate,

as it can be seen in Figure 3.24.

To calculate the shear-stress this needs to be determined by correlating the

torque, Γ, to angular velocity, Ω. These terms will be affected by the radius R of

the top and bottom plates, as well as the radial position of the polymer r, with

respect to R. Taking this into account, the shear stress and shear rate equations

for a parallel-plate configuration are given by,
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Figure 3.24: Velocity profile for a parallel plate configuration in shear.

τ =
2Γ

πR3

[3

4
+
d ln(Γ/2πR3)

d ln γ̇R

]
(3.16)

γ̇ =
rΩ

H
(3.17)

where H, is the gap size between the top and bottom plates.

A photograph of the experimental set up of the rheometer used in this study

can be found in Figure 3.25.

3.7.2 Non-linear rheology

Non-linear viscoelasticity can be tested through transient tests. In these tests,

the shear rate is kept constant and the polymer deviates from linearity in what is

commonly represented as an overshoot. To evaluate the effect of frequency, the

tests are done at a variety of strain rates (from 0.01 s−1 to 10 s−1).

3.7.3 Extensional rheology

A novel configuration for extensional tests is that proposed by Martin Sentmanat,

the Sentmanat Extensional Rheometer, SER [28] . A miniature bar specimen

is located between drums that counter-rotate at the same angular speed. The
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Figure 3.25: Experimental setup for oscillatory and transient shear rheology in
an Anton Paar MCR-302 rheometer.

resistance of the drums is hindered by the stretching response of the sample, as

this is elongated in an analogous way as a tensile test or fiber wind-up techniques

would do. A schematic illustration of the SER system is shown in Figure 3.26.

A photograph of the experimental set up for extensional rheology used in this

study can be found in Figure 3.27.

Extensional flow measurements are useful, because they are very sensitive to

the molecular structure of the polymeric system. When the true rate of extension,

also known as Hencky strain rate, is constant, the degree of molecular orientation

is much higher than the stretching that occurs in flows in simple shear [28].

For a constant drive shaft rotation rate, Ω, the Hencky strain rate of the
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Figure 3.26: Configuration of a SER system from [27; 28].

specimen can be expressed as:

ε̇H =
2ΩR

L0

(3.18)

where R is the radius of the wind-up drums, and L0 is the fixed sample length,

which is equal to the centerline distance between the master and slave drum.

The torque of is given by Γ = 2FR, with F being the stretch force. Since the

cross-area will be changing as a results of the constant stretching of the specimen,

the tensile stress growth function, σ(t) is expressed as equation 3.19:

σ(t) =
F (t)

˙εHA(t)
(3.19)

where F (t) is the instanteneous extensional force at time t exerted by the sample

as it resists stretch as determined from the measured Γ.
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Figure 3.27: Experimental setup for extensional rheology of an Anton Paar MCR-
302 rheometer.

3.7.4 Rheological Data Analysis

REPTATE, Rheology of Entangled Polymers: Toolkit for Analysis of Theory and

Experiment , is a powerful and versatile rheological software developed by Alexei

Likhtman and Jorge Ramirez to aid rheologists and scientists interpret rheological

data [102]. REPTATE offers a readily available materials database and rheolog-

ical theories library to help understand and analyse rheological experiments. It

is particularly useful for users to manipulate dynamic measurements and present

data in specific formats. REPTATE covers most rheological procedures, as it

includes windows targeting LVE, NLVE rheology, as well as enabling the user to
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upload other complementary data such as GPC molar mass distributions. One

valuable tool REPTATE offers is the possibility of producing master curves at one

chosen temperature using TTS. This allows to produce a single plot over a broad

range of frequencies by shifting the data obtained at different temperatures to a

common reference temperature. In this study the reference temperature is set at

170◦C. The use of a reference temperature of 170◦C was decided as an arbitrary

value high above the glass transition temperature, and for which multiple data

is available to enable direct comparison for theory validation. The master curves

produced using REPTATE will be further discussed in section 6.3.

REPTATE is extremely helpful is in the determination of intrinsic material

parameters. A ”calibration procedure” is carried out in designated calibration

samples, namely monodisperse materials. There has been some debate over how

the accuracy of the master curves or model used may offer different values for

the material parameters: Me, Ge and τe [6]. Nevertheless, these parameters are

required in order to fit existing rheological models, and the calibration procedure

hereby mentioned has become customary in the analysis of LVE data. Details for

the calibration procedure used in this study are also examined in section 6.3.
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Chapter 4

Molar Mass Analysis

4.1 Prelude

In the preceding section, the experimental methods and representative examples

for the characterisation of the polymeric materials studied were presented (e.g.

SEC and DSC). This chapter aims at analysing in more detail how the inter-

pretation of the data obtained using these techniques can provide fundamental

understanding of the variations in the chemical and thermal properties of PS as a

function of varying molar mass. Specific attention is given to the unintended con-

sequences associated with polymer blending; the chosen approach was to recreate

what is sought by end polymer processers where polymer mixing is performed to

obtain a balance between solid (i.e. mechanical) and melt (i.e. flow) properties

to comply with end product and manufacturing requirements.

Molar mass distributions and glass transition characteristics of the polymer

systems presented in this study are interpreted using fundamental models. The

differences seen between the models and experimental data are discussed in the

frameworks of molar mass sensitivity, polydispersity, and processing side effects

(e.g. thermal degradation or oligomeric evaporation), which exert a critical effect

in the character of the resulting blend.
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4.2 SEC data

ASTRA’s raw data was processed using an in-house MatLab code following the

procedure outlined in section 3.2. The calculated normalised weight fractions for

the PS materials used in this study are presented in the subsequent sections.

In Figure 4.1, the Mn and Mw averages obtained from the ASTRA software

by manual trimming, and those obtained using our MatLab code are compared.

The fact that both these values lie on top of the diagonal signifies that there is

a very small difference between the two data averaging methodologies. In order

to analyse quantitatively the differences between both sets of data, we report the

normalised difference, ∆, calculated through expression 4.1,

∆n =
|Mn1 −Mn2|

(Mn1 +Mn2)/2
; ∆w =

|Mw1 −Mw2|
(Mw1 +Mw2)/2

(4.1)

where Mn1 and Mn2 refer to the number molar mass averages of the MatLab and

ASTRA calculations, respectively. The same expression can be used to calculate

the normalised difference for the weight average when substituting for Mw1.and

Mw2, respectively. The normalised difference will be reported as a percentage

value (%).

The averaged reported ∆n was found to be ∼6.77, and ∆w was calculated at

∼2.59. The low figures prove the resemblance between the two methods is quite

high, and this validates that the MatLab technique hereby developed provides

enough statistical confidence for the automation of the trimming molar mass

limits in the polymer distributions obtained from SEC analysis.

4.2.1 SEC: Monodisperse and blends

Figure 4.2 presents the data for the normalised weight fractions of monodis-

perse materials BF, BG and BH (a), alongside their corresponding blends (b) as

processed using our MatLab sequence. The corresponding numerical values are

displayed for reference in Tables 4.1 and 4.2.

The MMDs of the monodisperse materials are representative of narrow dis-
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Figure 4.1: Data comparison for the (a) Mn, and (b) Mw averages, as obtained
from ASTRA and processed using MatLab. All materials have been colour coded.
Polydisperse blends have been colour coded to refer to their blending ratio (e.g.
molar mass), and distinguished by square symbols to refer to the blends obtained
by solution blending, and diamonds to refer to the blends obtained through melt-
mixing.
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Figure 4.2: Molar mass distributions of (a) monodisperse materials, and (b) their
corresponding blends obtained using MatLab.
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Table 4.1: Molar mass details for monodisperse materials used in this study.

Code System Description Mn Mw PDI
[g/mol] [g/mol]

BF
Atatic Monodisperse

Low Mw 86,113 93,378 1.084
BG Medium Mw 251,330 269,910 1.074
BH High Mw 469,960 540,270 1.150

Table 4.2: Molar mass details for bimodal blends of monodisperse PS materials
used in this study.

Code System Blending composition Mn Mw PDI
[g/mol] [g/mol]

BI

Monodisperse blends

90%BF, 10%BG 93,201 117,830 1.26
BJ 80%BF, 10%BG 96,625 133,900 1.26
BK 50%BF, 50%BG 134,030 192,150 1.43
BL 80%BF, 20%BH 110,830 191,210 1.72

tributions and inherently low levels of polydispersity. From Figure 4.2 the clear

increase in molecular weight as one shifts from material BF (further left) to mate-

rial BH (further right) becomes evident. If Figure 4.2 (a) and (b) are analysed in

conjunction, it is possible to see that the low and high peaks of the monodisperse

blends distributions effectively lay in the position of the constituent materials,

i.e. BF and BG for blends BI-BJ, and BF and BH for blend BL. As one would

expect, the height of the peak is related to the wt% of the constituent material

within the blending composition. The peaks for material BF are seen to decrease

in height as more of the higher molar mass component is added, and consequently

the peaks of the latter are seen to increase with reducing content of BF. These re-

sults are also reflected in Tables 4.1 and 4.2, where Mn and Mw correspondingly

increase with higher content of BG and BH.

4.2.2 SEC: Polydisperse and blends

The SEC data for the polydisperse materials and their corresponding blends,

was analysed in a similar fashion to the data of the monodisperse polymers and
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blends. The MMDs results of the polydisperse materials are presented in Figure

4.3 (a) and (b) as processed using our purposed-built MatLab sequence. The

data is also displayed in the form of Tables 4.3 and 4.4, where the information of

molar mass averages, PDI and composition is summarised.

Table 4.3: Molar mass details for polydisperse materials used in this study.

Code System Description Mn Mw PDI
[g/mol] [g/mol]

R
Atactic Polydisperse

Dow Chemical PS680E 92,471 222,700 2.41
BX Sigma Aldrich 1,452 47,799 32.91
BY Sigma Aldrich 158,580 339,240 2.14

Table 4.4: Molar mass details for bimodal blends of polydisperse materials used
in this study.

Code System Blending composition Mn Mw PDI
[g/mol] [g/mol]

CAsb
Solution blended

(THF): Polydisperse
blends

95%BX, 5%BY 2,537 79,189 31.21
CBsb 90%BX, 10%BY 2,572 86,337 33.56
CCsb 80%BX, 20%BY 2,429 115,410 47.51
CDsb 50%BX, 50%BY 2,877 186,630 64.86

CAmm

Melt-mixed (extruder):
Polydisperse blends

95%BX, 5%BY 1,302 52,187 40.07
CBmm 90%BX, 10%BY 1,297 61,468 47.40
CCmm 80%BX, 20%BY 1,407 77,247 54.91
CDmm 50%BX, 50%BY 2,165 167,640 77.43

In Figure 4.3 (a), the data for polydisperse materials BX, BY and R already

shows some fundamental differences compared to the monodisperse materials.

To start with the breath of the distributions are broader, spanning over a wider

range of molar mass. Although materials R and BY only show a single peak, it

is possible to note that the extent of the lower molar mass tail spreads over a

range of molecular weights. These observations are consistent with the Mn and

Mw averages reported in Table 4.3 that are clearly susceptible to the lower and

higher molar mass ends of the distribution, followed by a corresponding increase

in the PDI. In the case of material BX the distribution appears to be bimodal,
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4. Molar mass analysis

Figure 4.3: Molar mass distributions of (a) polydisperse materials and (b) their
corresponding mm-blends and sb-blends obtained using MatLab.
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with clear peaks at the lower and higher ends of the molar mass spectrum. This

material was quoted to have a Mw = 35 kg/mol by the manufacturer. Yet, as

reported from our GPC data, the value seems to be closer to Mw = 48 kg/mol.

The lower molar mass fractions of material BX are clearly reflected in the Mn of

this material, as this approaches extremely low values, as far as 1.4 kg/mol. This

yields extremely high levels of polydispersity in the range of PDI∼33.

The combination of the inherently bimodal polymer BX, with the high molar

mass polydisperse system BY results in some very interesting blends. In all

the blends -regardless of their mixing method- the presence of material BX is

manifested in the fundamentally low values of Mn, in the range of 1.3-2.9 kg/mol.

As the wt% content of BY in the blend is increased, a corresponding rise in the

PDI is perceived in all cases. One peculiarity that can be observed, is the presence

of lower molar mass fractions in the mm-blends compared to the blends produced

through solution blending. In Figure 4.3 (b), this appears as a noticeable shift

to the left in the melt-mixed distributions over the solution blended ones. In the

data in Table 4.4, this is revealed in the almost doubled values in Mn. This is

more pronounced for blends CA-CC, but blend CD appears to have molar mass

averages in closer agreement between the two blending methods. It is important

to note that although it would have been beneficial to measure any residual

solvent in the solution blended samples using infrared spectroscopy, the evidence

of the SEC along with carefully oven drying at constant mass suggest no solvent

was found.

In Table 4.5, the data between the sb-blends and the mm-blends is compared

as a function of the percentage difference of the Mn, and Mw averages as calcu-

lated through expression 4.1.

Table 4.5: ∆% difference between solution blended and melt mixed polydisperse
blends.

Code ∆n [%] ∆w [%]

CA 64.33 41.11
CB 65.94 33.65
CC 53.31 39.62
CD 22.20 10.72
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A bigger difference is seen in Mn, compared to Mw for all blends. This is

a consequence of the lower mass fractions that are present in the melt-mixed

blends that drop the average and increase the disagreement between the molar

mass data between the two blending methods. As the content of material BY is

increased, the differences in Mw between the two blending techniques appear to

narrow. The height of the second peak increases as more of the weight percentage

(wt%) of constituent material BY is added, as longer molecules are being added

into the mixtures. In Figure 4.3 (b), it is possible to see that the peaks at the

higher molar mass end for blends CDsb and CDmm almost overlap, a behaviour

which is not observed in the rest of the blends. In the lower molecular weight

samples (CA and CB), the amount of higher molecular weight fractions seems to

be decreased in the mm specimens when compared to the samples obtained by sb.

The position of the peaks, does however correspond to a clear shadowing of the

higher molar mass tail of component BY. Additionally, if one is to closely analyse

the distribution of material BX and compare it against those of the melt-mixed

samples, it would appear as if polymer BX was missing some lower molar mass

fractions compared to the distributions reported for the mm-blends.

It has been argued that the standard relations used in universal calibration

of SEC methods (i.e. Mark-Houwink equation), between molecular weight and

intrinsic viscosity tend to break down at low molecular weight [103]. The inaccu-

racy of this equation in the low molar mass range has been previously reported

and confirmed with refractive index studies [104]. The main issue is that at low

molecular weights, particularly for PS, some of the properties over which SEC is

dependent (e.g. refractive index and intrinsic viscosities), do not remain constant.

In supporting studies [103; 105], it was found that using the radius of gyration is

a better measure of the elution behaviour than the hydrodynamic volume ([η]M)

for analysing SEC, but room for improvement was still required for monitoring

exclusion of relatively short molecules (∼200-1000 g/mol). The equipment used in

this study was calibrated using PS standards and the Mark-Houwink equation to

determine universal viscosity and molecular weight relationships, yet these mea-

surements were compared against absolute molecular weight data obtained from

light scattering detectors, which gives confidence that the molar mass differences

between the the mm−blends and material BX are real and consistent with the
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SEC’s detection boundaries. To explain the nature of these discrepancies, other

contributing issues such as the effects of the blending processing method have to

be more closely analysed (as will be done in the next section).

4.2.3 Molar mass simulations

The SEC data for the constituent materials (i.e. monodisperse and polydisperse)

was used to perform blending simulations using our purposed-built MatLab code.

The code offers the possibility of generating artificial molar mass distributions

by combining the distributions of the component materials at specific weight

blending ratios. The subscript −th , will be used to identify the molar mass

averages associated with this theoretical ideal blend. Complementary to the

calculation ofMn andMw averages, it was decided to also procure the information

for the molar mass averages of the low, p1, and high, p2 molar mass peaks found

at the ends of the blends distributions. These averages are termed Mn,p1 and

Mw,p1, for the low molar mass peak, and Mn,p2 and Mw,p2 to refer to the higher

end. In the case of blend BL, a third notation p3, is used to refer to the peak

that arises from the contribution of the higher molar mass component BH.

4.2.3.1 Monodisperse blends

Artificially generated MMDs of the monodisperse blends BI-BL were rendered by

combining constituent materials BF, BG and BH in the weight blending ratios

previously described (Table 4.2). To report the values for the individual peaks of

the bimodal blend distributions in the experimental and simulated data, it was

required to establish some trimming limits that laid at the valley (i.e. closer to

the baseline) between the two peaks. This threshold molar mass value used to

define the start and end points of the bimodal peaks is referred to as Mvalley.

As it has been established in the previous chapter (section 3.2.1), the arbitrary

determination of the averaging trimming limits has an effect on the reported

Mn,p1, Mw,p1, Mn,p2, Mw,p2 and Mn,p3 and Mw,p3. To evaluate the impact of

defining Mvalley, it was decided to report the differences between three specific

values of Mvalley, arbitrarily defined at logM = 5.15, 5.20, 5.25, for blends BI-BK
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and logM = 5.35, 5.40, 5.45 for blend BL and identified with roman notation (I,

II and III). These limits were used for the computation of Mn,p1, Mw,p1, Mn,p2,

Mw,p2, Mn,p3 and Mw,p3 and are shown for reference in Figure 4.4.

The computed molar mass averages for the experimental and theoretical data

are presented in Tables 4.6 and 4.7. Following the format established before,

the differences between the experimental and theoretical calculated averages are

tabulated, and are presented in Figure 4.5.

Table 4.6: Experimental and predicted, th, molar mass averages of monodisperse
blends BI, BJ, BK, and constituents BF and BG.

Code Mn Mw Mn,p1 Mw,p1 Mn,p2 Mw,p2

[g/mol] [g/mol] [g/mol] [g/mol] [g/mol] [g/mol]

BF 86,113 93,378 - - - -

BI 93,201 117,830 86,188 97,241 281,550 293,570
BIth 92,192 111,030 85,914 92,902 260,490 271,270

BJ 96,625 133,900 83,077 95,005 279,930 289,850
BJth 99,169 128,680 85,992 93,027 263,810 273,870

BK 134,030 192,150 88,782 97,721 279,450 288,450
BKth 128,300 181,640 86,399 93,677 265,950 275,520

BG 251,330 269,910 - - - -

Table 4.7: Experimental and predicted, th, molar mass averages of monodisperse
blend BL, and constituents BF and BH.

Code Mn Mw Mn,p1 Mw,p1 Mn,p3 Mw,p3

[g/mol] [g/mol] [g/mol] [g/mol] [g/mol] [g/mol]

BF 86,113 93,378 - - - -

BL 110,830 191,210 86,545 98,460 549,750 578,330
BLth 102,950 182,760 86,433 94,102 529,820 556,520

BH 469,960 540,270 - - - -

As can be seen, the differences between the experimentally measured and the

predicted molar mass averages are extremely small (in the order of 0.13% to 7.9%).
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Figure 4.4: Trimming limits I, II , III for the computation of Mn,p1, Mw,p1, Mn,p2,
Mw,p2, Mn,p3, and Mw,p3 in the bimodal monodisperse blends BI, BJ, BK, and
BL.
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Figure 4.5: ∆% between the simulated blends (-th) and the experimental data
when defining Mpeak at (a) logM = 5.15 / logM = 5.35 , (b) logM = 5.20 /
logM = 5.40 , and (c) logM = 5.25 / logM = 5.45.
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In all, an overall good agreement is observed between the averages calculated in

the SEC experimental distributions and those obtained by artificial simulation.

The slightly higher values of the experimental blends compared to theory could

be explained by some losses during the solution blending process. One additional

observation is the very close values obtained for Mn,p and Mw,p, which is a result

of low polydispersity in these blends. It can be concluded that the blending of

these monodisperse blends (obtained by solution blending [96]), is very effective

at producting what is expected by an ideal blending of the monodisperse material

constituents.

4.2.3.2 Polydisperse blends

When determining the ’ideal’ blending distributions using the data for the poly-

disperse blends, the results are very different. To begin with, the SEC data of

the polydisperse blends confirmed the presence of smaller molar mass fractions

in the melt-mixed samples that appeared to be absent in the solution-blended

materials. This contribution is also reflected in the reported lower Mn and Mw

values in Table 4.4. In addition, the analysis of the peak molar mass averages in

the polydisperse blends is seen to be susceptible to the definition of Mvalley. Mn,p

and Mw,p averages are seen to increase or decrease as a function of the trimming

limits (i.e. the value of Mvalley); and due to the high levels of polydispersity in

these materials, even small contributions of a representative sample of molar mass

fractions (i.e. low or high molecular weights) can lead to enhanced differences in

the averaging process. This susceptibility of trimming limits in the manipulation

of SEC data is a recognised and ongoing debate [97], as it can easily bias and

affect the quality of chromatographic analyses.

Following the procedure used in the monodisperse materials, three arbitrary

values of Mvalley were defined to quantify the differences between the experimental

data and the simulated prediction. The trimming points for the definition of

Mvalley values I, II and III, were set at logM = 3.8, 3.9, 4, as shown in Figure 4.6.

It is possible to note that a wide molar mass range is considered for analysis

in the melt-mixed specimens compared to the solution blended samples as the

distributions of the mm-blends shift slightly to the left. Since Mn is susceptible
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Figure 4.6: Trimming limits I, II, III for the computation of Mn,p1, Mw,p1, Mn,p2

and Mw,p2 in the bimodal polydisperse blends CA-CD.

to the number of fractions, rather than their weight, the Mn averages calculated

for the mm-blends will yield lower values compared to those of the sb-specimens.

In recognition of this issue, the value of Mvalley was fixed at the valley at which

all the sb- and mm-curves could meet, ∼ logM = 3.8, as presented in Figure 4.6.

The molar mass averages calculated for the blends and the artificially gener-

ated distributions are presented in Table 4.8. The corresponding differences be-

tween the experimental and theoretical averages for the melt-mixed and solution-

blended materials are presented in Figure 4.7 (a)-(f).

When looking at the theoretical molar mass average data in Table 4.8, this

is seen to exceed the averages Mn and Mw, reported for the melt-mixed blends,

while underestimating those of the solution blended samples. For the solution

processed blends, Mn and Mw do appear to replicate more closely the theoretical

values as the wt% of material BY is increased. The molar mass averages for
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Figure 4.7: ∆% between the simulated blends (-th) and the experimental data
when defining Mpeak at (a)/(d) logM = 3.8, (b)/(e) logM = 3.9, (c)/(f) logM =
4.0, for the solution blended (squares) and melt-mixed materials (diamonds),
respectively.
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Table 4.8: Molar mass averages of sb, mm, and th (predicted) MMDs of polydis-
perse blends and constituents BX and BY.

Code Mn Mw Mn,p1 Mw,p1 Mn,p2 Mw,p2

[g/mol] [g/mol] [g/mol] [g/mol] [g/mol] [g/mol]

BX 1,452 47,799 932 1,387 50,463 128,520

CAmm 1,302 52,187 798 1,191 50,676 130,840
CAsb 2,537 79,189 1,251 1,829 49,542 150,430
CAth 1,529 62,304 933 1,387 55,413 154,990

CBmm 1,297 61,468 780 1,173 53,794 150,360
CBsb 2,572 86,337 1,264 1,842 50,761 163,700
CBth 1,613 76,878 933 1,387 60,229 177,630

CCmm 1,407 77,247 775 1,164 59,167 168,240
CCsb 2,429 115,410 1,677 2,409 62,305 208,840
CCth 1,812 106,030 933 1,387 70,047 214,130

CDmm 2,165 167,640 766 1,158 88,476 256,420
CDsb 2,877 186,630 957 1,464 89,547 275,810
CDth 2,880 193,480 933 1,387 101,070 282,870

BY 158,580 339,240 - - - -

the individual peaks are more difficult to analyse, as these are susceptible to the

definition of a trimming threshold value, Mvalley, as discussed earlier. In any case,

one clear trend found in Table 4.8 is the inherently higher Mw,p values reported

for the sb-blends. This is a clear confirmation of the presence of higher molar

mass fractions that are either absent or reduced in number in the blends obtained

by melt mixing. To support the discussion of the differences found in the molar

mass averages between the two blending methods, an additional Table 4.9 reports

on the ∆ between the melt-mixed and the solution blended molar mass data.

From Table 4.9 it is possible to see that Mn,p1 is reported to be 22%-44%

higher in the solution blended samples, while Mn,p2 is 2%-6% lower when com-

pared to the melt-mixed blends. These results clearly evidence the effect of choos-

ing a fixed Mvalley value that can discriminate the quantity of lower molar mass

fractions that are present in either one of the analysed peaks in a bimodal molar

mass distribution. As a result, the MMDs section containing the largest amount
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Table 4.9: ∆ difference in the peak molar mass averages between the melt-mixed
and solution blended materials at Mvalley = I.

Code ∆Mn,p1 ∆Mw,p1 ∆Mn,p2 ∆Mw,p2

[%] [%] [%] [%]

CA 44.17 42.25 -2.26 13.93
CB 47.31 44.39 -5.80 8.49
CC 73.62 69.71 5.17 21.53
CD 22.20 23.12 1.20 7.29

of lower molar mass species will produce a lower Mn, where the averaging is

susceptible to the presence of smaller molecules. It can be seen, though that for

blend CD, where the molar mass distributions of both blending methods appear

to be closer in shape, the reported averages are more in agreement (∆ =1.2% and

7.3%, for Mn,p2 and Mw,p2, respectively).

The observed over and under estimation of the molar mass averages in the

mm and sb blends, can be explained by consideration of the side effects that can

originate from different polymer blending methods.

Melt-mixing is perhaps the most accessible and commercially-viable approach

used in large industrial polymer production, as this can be easily performed dur-

ing the hopper feeding of polymer pellets in injection or extrusion processes. All

that is required is a mere scaling calculation of the weighted fractions (wt%) of

the constituents materials for the desired polymer formulation. In melt-mixing,

the main risk for the indirect modification of the polymer properties is degrada-

tion. Some polymers are known to degrade when subjected to continuous thermal

cycles, thus breaking molecules and lowering the molecular weight of the system

[106]. Extensive work has been done in characterising the thermal degradation

of polystyrene [107; 108; 109]. In their study of thermal degradation of anionic

polystyrene, Costa et al. [110] looked at the degradation mechanism of PS orig-

inated by the reaction of chain ends. By use of a thermobalance coupled to a

gas chromatograph they identified the degradation products of monodisperse PS.

Their study concluded that at an early degradation stage, the concentration of un-

saturated chain ends increases in proportion to the amount of vaporised toluene.

As the degradation proceeds, these unsaturated chain ends downgrade by scission
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and further evaporation into dimeric, trimeric, fragments. Although the authors

showed that, at the initial degradation stages the evolution of toluene is inde-

pendent of molecular weight, lower molar mass polymers have a larger number of

chain ends, which could speed up the degradation process further since these are

prone to become unsaturated chain sites. It is worth highlighting that the quoted

sensitivity of the equipment was of 0%-1%, and apparently no traces of monomers

which could be present in the polymers could be detected when degrading PS be-

low 250 ◦C. This is an interesting remark, since Costa et al.’s smaller PS sample

had a quoted Mn = 4000 g/mol compared to the Mn,p1 = 766 g/mol seen in some

of our mm-blends. The importance of this observation is that previous degrada-

tion studies in PS have mainly focused in the analysis of monodisperse samples

with molecules in the order of ∼1000 g/mol. Nevertheless relative comparison

studies in highly polydisperse with some amount of molar mass fractions in the

range of 100 g/mol are fundamentally non-existent. Hence the observed degrada-

tion of such small molecules in our polydisperse blends at times as short as 15min

for 200 ◦C could be a result of accelerated unsaturated chain end formation. In

this study a potential measure to reduce such degradation would be to modify

the mixing process, either by reducing the speed of the rotating screws, along

with using a lower temperature and shorter mixing times.

Solution blending is a technique preferentially used when different particle

sizes of the constituent materials can lead to segregation. This method involves

diluting the two polymer systems in a solvent to get them to blend well in or-

der to make a homogeneous product. Although more time consuming, solution

blending tends to be the preferred choice for testing new experimental formu-

lations, particularly for partially miscible and immiscible materials (e.g. food

molecules). In solution-blending the danger relies in the possible evaporation of

oligomers and extremely short molecules during the filtration and precipitation

stages, thus losing the low molecular weight tail of the polymer solution. Huang

et al. [111] recognised this issue during the preparation of PS blends diluted in

oligomers for their study on the extensional properties of concentrated solutions.

In their study, the oligomers Mw = 1.9 kg/mol, and the systems were represen-

tative of binary blends of monodisperse materials. In our studied materials, the

situation is significantly more complex as the oligomers found in the blends can
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be as small as 175 g/mol, as reported for the smaller fractions measured through

GPC. In addition, the systems are seen as highly polydisperse (BXs PDI∼33),

thus the risk of oligomer evaporation becomes highly likely.

The varying chemical and thermal properties associated with polymer blend-

ing have been identified before, and polymer scientists recognise the risks associ-

ated with polymer blending practice. Although a large number of studies have

been devoted to the analysis in the immiscibility of blends of two different poly-

mers [112; 113; 114], similar reviews for systems of blends of the same polymer

with varying architecture or molar mass have remained elusive. The results pro-

vided by the SEC analysis conducted here were able to highlight the differences

between the MMDs of the mm-blends and sb-blends; particularly at the lower

molar mass end. These findings are of significant relevance to standard mixing

practice, as they report on the consequences that can indirectly modify the char-

acter of a blend. Furthermore, because experimental studies of similar nature

often involve blends of monodisperse materials, the real impact of polydispersity

may not be fully accounted for, as is exposed in this study.

4.3 DSC data

As has been reported in section 3.3, variations of molar mass are reflected by

a corresponding change in Tg. The overall premise is that as Mn decreases, Tg

drops in a linear relationship with 1/Mn. In this section, the differences in Tg for

the studied materials are analysed as a function of their measured DSC data. The

reported data was extracted by taking the mid-point Tg value at the deflection

slope. Three specimens were tested per material using the methodology described

in section 3.3.

4.3.1 Monodisperse and blends

Representative heat flow versus temperature profiles for the monodisperse mate-

rials and their corresponding blends are presented in Figure 4.8 (a) and (b). The

averaged results have been compiled in Table 4.10.
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Figure 4.8: DSC results for (a) monodisperse materials and (b) their correspond-
ing blends.
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Table 4.10: DSC results for the monodisperse materials used in this study; mean
value along with the standard error for three measurements is reported.

Code Average Tg
[◦C]

BF 109.2±0.75
BG 110.4±1.05
BH 112.1±1.25

BI 108.9±0.92
BJ 109.3±0.97
BK 109.4±1.46
BL 110.9±1.26

The monodisperse materials (BF, BG and BH), show little variation in their

reported Tg values, with only a difference of ±3 ◦C. Tg is seen to increase slightly

as one shifts from the lower molar mass material (i.e. BF) to the higher molecular

weight system (i.e. BH). When looking at the Tg data of the monodisperse blends

in Table 4.10, it appears these follow this same trend, and as the wt% of the

higher molar mass component is increased a corresponding rise in the reported

Tg is observed. It is worth highlighting that in sufficiently entangled systems of

similar sizes, the differences in Tg are expected to be very small. Peter et al. [115]

state that in polymer systems with a mixture of different chain lengths, if these

are seen to have a similar size ratio, the effect of changing Tg is small (e.g. the

disparity in sizes, is low, δ = 0.8). The effect of increasing a relative small fraction

of concentrated shorter molecules is reflected only as changes in the relaxation

times, favouring the glass transition of the pure, longer chains system. Yet, in

the case of large size disparity, where the mixture is polarised into short and long

molecules of roughly same weight fractions (δ ≤ 0.65), the shorter chains are

seen to inhibit glass formation and a plasticising effect is found, thus depicting

a decreased Tg. Other studies have documented similar increases in Tg when

increasing the molar mass of homopolymer blends [116], in compliance with our

reported observations.
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4.3.2 Polydisperse and blends

The DSC temperature profiles for the polydisperse materials and their corre-

sponding blends are presented in Figure 4.9 (a) and (b), and Table 4.11.

Table 4.11: DSC results for the polydisperse materials used in this study; mean
value along with the standard error for three measurements is reported.

Code Average Tg
[◦C]

R 108±0.62
BX 70.7±0.32
BY 109.3±3.12

CAmm 66.4±1.84
CAsb 83.7±0.52

CBmm 68.1±3.30
CBsb 83.9±2.40

CCmm 68.5±2.30
CCsb 85.5±6.21

CDmm 87.2±1.33
CDsb 91.7±8.69

The results for the monodisperse materials (BF-BH), monodisperse blends

(BI-BL) and polydisperse systems (R,BY) were in close agreement to the reported

Tg parameter for linear PS ∼106 ◦C [21]. Nevertheless, this was not observed for

polydisperse material BX and polydisperse blends CA-CD, where the average

value was between ∼60 ◦C and ∼90 ◦C. In [115], Peter et al. showed that Tg

decreases linearly with increasing solvent concentration at least up to a 25% as

covered by their experimental work. Stukalin et al. [117], studied the depression

of Tg in polymer melts diluted by low molar mass species. They argued that

the plasticising effect of shorter chains is reflected in corresponding reductions

in Tg and a ”softening” of the polymer matrix in the glass state. Their study

involved the simulation of Tg shifts of PS diluted by flexible short oligomers (up

to 20% mass of diluent), using a combination of the Adam-Gibbs entropy theory.

They reported that the depression in Tg of the polymer mixture relative to the

undiluted polymer is found to decrease as the size of the diluent or plasticiser

agent increases, and to saturate as the size of the diluent becomes large enough.
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Figure 4.9: DSC results for (a) polydisperse materials and (b) their corresponding
blends.
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Thus, small oligomeric species (monomers) exert the most pronounced depression

of Tg. The behaviour reported by Stukalin seems to be in good agreement with

the observed Tg changes in our mm and sb blends, particularly in the melt-mixed

samples where, as the amount of lower molar mass fractions decreases with an

increased content of material BY, the Tg is seen to rise correspondingly.

Similarly, one would expect to see a change in Tg as a higher molar mass

component is added in the blend, but the DSC plot is virtually the same across

the polydisperse sb-blends CA-CC. This could be due to two reasons: a) some

solvent residue, or b) tiny weight fractions, i.e. oligomers, in the distribution

may be evaporated along with the solvent, hence modifying the composition of

the blends. The latter, could also explain why the three blends share a similar

behaviour, as they are all lacking the fundamental lower molar mass tail that

could more precisely define their differences in blending compositions.

4.3.3 Tg simulations

The repercussions of the choice of blending method are also reflected in the DSC

results. The data reported in Table 4.11 is supportive of the observations that

the Tg in the mm-blends is lower than the sb-blends, and of material BX. The Tg

difference in blending method is found to be ∼20 ◦C. This trend is true except for

material CD, where the Tg in both samples is virtually the same. Following the

SEC evidence, as the percentage of lower mass fractions (i.e. shorter molecules) is

higher in the melt-mixed samples, it is not surprising to encounter a corresponding

drop in Tg compared to the solution-blended materials.

Changes in the glass transition temperature of miscible blends, Tgb, can be

modelled using empirical equations describing the molar mass dependence of Tg.

Two models that have been suggested are the early model proposed by Wood

[118], equation 4.2,

Tgb = w1Tg1 + w2Tg2 (4.2)

And the more widely accepted Fox[119] equation 4.3.
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1

Tgb
=
w1

Tg1
+
w2

Tg2
(4.3)

where Tg1 and Tg2 are the glass transition temperatures of the constituent ma-

terials, blended at weight fractions w1 and w2, and Tgb, is the glass transition

temperature of the blend.

By using these relationships, it is possible to estimate corresponding apparent

weight fractions, w′1 and w′2 in the blends. This approach is particularly useful in

the present study, as it enables theoretical calculations for the expected changes

in Tg as a result of blending. Following the methodology proposed by Kim and

Burns [120], w′1 for Wood’s equation can be defined by,

w′1 =
Tgb − Tg2
Tg1 − Tg2

(4.4)

While equation 4.5 is applicable to Fox’s model,

w′1 =
Tg1(Tgb − Tg2)
Tgb(Tg1 − Tg2)

(4.5)

The calculation of the apparent weight fractions following Wood and Fox

models are compared in Table 4.12 for the monodisperse blends, and Table 4.13

for the polydisperse blends. The theoretical value, th, was calculated by assuming

equations 4.2, and 4.3 for the calculation of Tg.

The w fractions calculated for monodisperse blends BI and BJ appear to be in

closer agreement to the prediction, nevertheless the gap between the predicted Tg

and that experimentally measured appears to broaden with an increase in molar

mass of the blend. Particularly in blend BL, it appears that the 20% weight

contribution of component BH is sufficient to rise the Tg almost by two degrees

compared to that of the dominant base material BF. It is worth highlighting

that in monodisperse materials with such close temperature differences variations

within 1 ◦C-2 ◦C appear almost unnoticeable in the DSC spectra (as per figure

4.8).

The w’ calculations reported for the polydisperse blends follow a remarkable

resemblance to the trend of the SEC and DSC results. When fitting the blends’
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Table 4.12: Comparison of w′1 and w′2 as a function of Tg for the monodisperse
blends using Wood and Fox equations.

Code
Wood Fox

w1’ w2’ w1’ w2’

BI 0.917 0.083 0.916 0.084
BIth 0.9 0.1 0.9 0.1

BJ 0.917 0.083 0.916 0.084
BJth 0.8 0.2 0.8 0.2

BK 0.833 0.167 0.832 0.168
BKth 0.5 0.5 0.5 0.5

BL 0.414 0.586 0.407 0.593
BLth 0.8 0.2 0.8 0.2

Table 4.13: Comparison of w′1 and w′2 as a function of Tg for the polydisperse
blends using Wood and Fox equations.

Code
Wood Fox

w1’ w2’ w1’ w2’

CAmm 1.108 -0.108 1.175 -0.175
CAsb 0.640 0.360 0.538 0.462
CAth 0.95 0.05 0.95 0.05

CBmm 1.062 -0.062 1.098 -0.098
CBsb 0.634 0.366 0.532 0.468
CBth 0.90 0.10 0.90 0.10

CCmm 1.051 -0.051 1.081 -0.081
CCsb 0.591 0.409 0.486 0.514
CCth 0.80 0.20 0.80 0.20

CDmm 0.545 0.455 0.440 0.560
CDsb 0.423 0.577 0.325 0.675
CDth 0.50 0.50 0.50 0.50

experimentally measured Tg values into the Wood and Fox’s models, the latter

appear to overpredict the amount of material BX that is present in the melt-mixed

samples, while underpredicting the weight fraction of this in the sb−blends.

Since the Tg of the constituent materials (BX and BY) were seen to be in excess
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of the Tg values obtained for the mm samples, not surprisingly, the apparent

weight fractions calculated for blends CA-CC overestimate the amount of material

BX, while yielding negative values for the contribution of material BY. Because

Wood’s and Fox’s models are sensitive to the Tg of the constituent materials, one

way to obtain better predictive accuracy will be to pass material BX through

the extruder and then measure its Tg. The expectation is that because material

BX is composed of many unentangled fractions (such as its subsequent melt-

mixing blends), these will degrade, and hence the Tg measured using DSC will

yield a lower value, more in compliance to those experimentally reported for the

melt-mixed blends.

In the case of CD, the amount of material BY seems to exert a similar domi-

nant contribution in the mm and sb blends evidenced by an agreement among the

mixing techniques, and between these and the theory prediction. This also re-

flects an interesting trend, which suggests that not only does the molar mass of the

constituent materials have an effect over the properties of the blend, but a wt%

content limit of the higher molar mass component appears to exist, over which

the behaviour of the blend is shifted to that of w2. This transitioning behaviour

in Tg and molecular weight appears to be repeatable, and has been extensively

reported by various authors. In their fragility study, Santangelo and Roland

[121], characterised monodisperse PS systems of varying molar mass (590 g/mol-

929,000 g/mol) using DSC. Their results, when compared in the form of Tg vs.

Mn plots (using the Kanig-Ueberreiter equation [122], equivalent to that of Fox

and Flory [4]) showed that Tg increased linearly with increasing molecular weight

up to a Mn value where it plateaus. This transitioning value was estimated to

be Me. When comparing the behaviour of PDMS to that of PS the authors at-

tributed the differences on Tg to the flexibility of their respective chain species.

Their argument is that in PDMS the ether linkage in the backbone confers nearly

free rotation, evidenced in a corresponding low Tg. The configurational freedom

conferred by chain ends has a small effect, and thus Tg is independent of molecu-

lar weight down to very low Mw values. In PS, on the contrary, the benzene ring

act as a bulky side group that enhances intermolecular cooperativity, resulting

in a relatively high Tg and one that is more molecular-weight dependent. The

Tg of the polydisperse blends analysed in this study is observed to change in a
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molecular-weight dependent manner, in agreement to Santangelo et al ’s. obser-

vation [121].

More recently, other studies have tried to correlate the impact of miscibility

in the recorded glass transition broadening of blends of two different polymer sys-

tems. Lau et al. [116] investigated the impact of concentration in the recorded Tg

phase separation for blends of polystyrene and poly(α-methylstyrene) of varying

molar mass. They evidenced that the broadening of Tg is both a result of concen-

tration and solubility. When looking at the composition dependence of Tg through

the use of various different equations derived for copolymer systems (including

those of Wood and Flory), Lau concluded these were unable to fully describe the

observed experimental calorimetry response. Chung and Kornfield [123] followed

up on the idea that in miscible blends changes in component dynamics are man-

ifested by anomalously broad glass transitions and complex viscoelastic proper-

ties. The authors used a combination of polyisoprene (PI) and poly-vinylethylene

(PVE) blends to study the composition-dependency of the glass transition tem-

perature, Tg(φ). Through the use of two-dimensional nuclear magnetic resonance

(2D NMR), the authors concluded that as the content of the higher temperature

component (high-Tg), PVE increased, the difference between the motion dynam-

ics of the two blend species increased. Therefore the macroscopic Tg value of the

blend becomes a result of the individual Tgs of the constituent materials and their

inherent compositional dependences from each other.

Lodge and McLeish [29] (followed later by Lipson and Milner [124]) have

extended these ideas of chain connectivity and self-composition experienced by

the constituent materials’ Tg within a blend to develop mathematical models for

quantifying the impact of these effects in the glass transition of the resulting

polymer blend. Their premise stands on the grounds of local dynamics as they

argue that, depending on their surrounding environment, chains can experience

different temperature dependencies. In general they discuss the fact that within

a polymer solution the lower Tg component in the blend will be closer to the

dynamics experienced by it in its pure melt, whereas the higher Tg component

is likely to display a lower value, closer to the Tg of the blend average. This

local heterogeneity is often referred to as ”concentration fluctuations”, which de-

fines local regions spontaneously rich in component A or B [29]. This problem
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of temperature and composition dependence in polymer blends goes far beyond

the reported changes in Tg, and is even deemed responsible for the span of the

relaxation spectra in the viscoelastic properties of polymer blends. This subse-

quently leads to the ultimate failure of the time-temperature superposition in

some blends with large differences in their components’ Tgs, as will be further

discussed in section 6.4.2.

Lodge and McLeish propose that to evaluate the temperature dependence of

two consituent materials within a blend, one must acknowledge the behaviour of

the monomeric friction factor ζ for each component as this is expected to control

the relaxation behaviour of the polymer. The authors define the length scale of

ζ to be determined by the Kuhn length, lK . The conformational relaxation of

a Kuhn length is influenced by the concentration of monomers within a volume,

V ∼ (lK)3. The second assumption is that in a determined volume V centred on

a monomer of polymer type A, there will be on average an excess of A monomers

relative to the bulk concentration. Hence, due to chain connectivity, a monomer

of polymer A will experience the interaction of a certain number of other A

monomers in the vicinity [29]. Consequently a polymer A experiences on average

an effective local concentration φeff defined by equation,

φeff = φs + (1− φs)φ (4.6)

where φs is the ”self-concentration” determined from the volume occupied by a

Kuhn length’s worth of monomers, given by,

φs =
C∞M0

kρNAV
(4.7)

where C∞ is the characteristic ratio, M0 refers to the repeat unit molar mass, k

is the number of backbone bonds per repeat unit, NA is Avogadro’s number, and

ρ is density.

Lodge and McLeish cited the φs of PS to be 0.27 [29]. Although the model was

initially envisioned for polymer blends of chemically different polymer systems

with varying Tgs, due to the significant molar mass differences between materials

BX and BY, these can be classified as two systems with inherently distinctive
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relaxation timescales. The model is applied to our systems to verify whether the

concepts of chain connectivity and self-concentration are capable of modelling the

temperature dependence of the blends of two polymer with the same chemical

structure, but significantly varying molar masses. Consequently, φs = 0.27 will be

used for both material BX and BY. The effective temperature of each component

is calculated by assuming T effg (φ) = Tg(φ) |φ=φeff , as proposed by Lodge and

McLeish, although the effective Tg is determined from the macroscopic Tg(φ),

this is evaluated at φeff rathen than φ. To calculate Tg for a particular blend

concentration one can simply follow Flory’s expression (equation 4.3). A case

study of this methodology for the blends of materials BX and BY is provided in

Table 4.14.

Table 4.14: T effg for materials BX and BY as a function of concentration, φeff .

φBX φBY φeffBX φeffBY T effg BX T effg BY T effg blend

0 1 0.27 1 95.46 109.25 109.25
0.1 0.9 0.34 0.93 92.26 105.08 103.64
0.2 0.8 0.41 0.85 89.27 101.21 98.57
0.3 0.7 0.49 0.78 86.46 97.62 93.98
0.4 0.6 0.56 0.71 83.83 94.28 89.80
0.5 0.5 0.63 0.63 81.35 91.15 85.97
0.6 0.4 0.71 0.56 79.01 88.23 82.46
0.7 0.3 0.78 0.49 76.81 85.49 79.22
0.8 0.2 0.85 0.41 74.72 82.91 76.23
0.9 0.1 0.93 0.34 72.74 80.49 73.45
1 0 1 0.27 70.87 78.20 70.87

The data from Table 4.14 has been plotted along with the Tg data points

obtained for the melt-mixed and solution blended samples in Figure 4.10.

The data for the solution blended samples is found to be lying above the T effg

prediction for material BY, while the data of the melt-mixed blends is located

below the tracer calculated for material BX. This complies with the previous over

and under predictions calculated using w in Wood and Flory’s equations. Lodge’s

model demonstrates qualitatively that the temperature dependence of polymer

blends is ruled by chain connectivity and self-concentration experienced by the

constituent materials. This simple model, also highlights that the theoretical
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4. Molar mass analysis

Figure 4.10: Effective glass transition temperatures for BX/BY blends using the
Lodge and McLeish T effg model [29]. Solution blends are shown in squares, while
melt-mixed materials are shown as diamonds.

temperature dependency of the studied BX/BY blends is certainly in discrepancy

with the experimental data of the melt-mixed and solution blended materials. For

the studied set of materials, the analysis using Lodge and McLeish’s model shows

the over and under estimation also observed from the ’ideal’ blending approached

used to analyse the SEC data. Both models agree in that the composition of

the obtained polydisperse blends deviate from the ’ideal’ mixture. The valid-

ity of Lodge and McLeish approach, is that it interconnects the concept of Tg,

with other dynamic characteristics, such as packing length, and chain connectiv-

ity that are seen have an impact in the rheological response of such materials.

Furthermore, the model serves to explain that the deviation from such molar

mass characteristics will have corresponding offsets in temperature dependence

expected from mixing rules equations. Although the applicability of such mixing

equations has been questioned [116; 124], the relevance of their contribution in
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providing first hand quantitative insight to the complexity of chain relaxation

dynamics in polymer blends has been demonstrated here.

4.4 Conclusions

The SEC and DSC data showed evidence of clear differences between blends

produced with the same composition (and weight ratios), but different blending

methods. Available mixing models for the analysis of molar mass distributions

and calorimetry data were applied to produce simulations for comparison and val-

idation of the experimental data. The models seemed to accurately describe the

SEC and DSC behaviour of the monodisperse blends, with only minor deviations

observed (<10%) from the theoretical prediction. Nevertheless, when applied

to polydisperse blends a clear over and under estimation of the experimental

data was observed for the melt-mixed and solution blended samples, respectively.

These differences were attributed to the side-effects associated with the blending

procedure of choice. It was determined that melt-mixing introduces the risk of

polymer thermal degradation. This degradation process is seen to be accelerated

by the presence of unsaturated chain ends that downgrade by chain scission into

dimeric, trimeric fragments. In the case of the polydisperse blends analysed in

this study, it seems that the broad lower molar mass tail of constituent material

BX degraded during the mixing process, thus producing blends with an increased

content of lower molar mass fractions. The blends produced by solution blending

were seen to be prone to oligomer evaporation during the filtration and precipi-

tation stages. This was reflected in a significant loss of the lower molar mass tail

in the MMD of the analysed blends, congruent with higher reported molar mass

averages and Tgs than their melt-mixed counterparts.

Although the models cited here have been extensively applied and validated in

monodisperse materials and partially miscible copolymer blends, it would appear

that little information is available for homopolymer blends of highly polydisperse

systems of vastly different molar masses. The results of this study elucidate

on the complexity of extrapolating these models when faced with blending side

effects (e.g. thermal degradation or oligomeric evaporation), and provide a clear
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picture for polymer manufacturers of how polymer blending procedures could

inadvertently modify the SEC and Tg character of a resulting blend.
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Chapter 5

Crazing Analysis

5.1 Prelude

In the preceding section, the breath in MMDs and the changes in Tg as a result

of blending and polydispersity were discussed. This chapter aims at analysing

how the molar mass and molar mass distribution are manifested in the craze

initiation process in polystyrene. It is known that crazing proceeds failure in this

material, and understanding how this process develops will undoubtedly serve

polymer scientists fine tune the in-service endurance and performance for this

type of glassy polymer. In this chapter, the use of a former piecewise linear

model [20] that captures the influence of molecular weight in craze initiation

for monodisperse materials is explored and discussed against novel experimental

data obtained through isochronal three point creep bending tests. Where the

model seems to fail, new theories of polymer physics will be used to lengthen the

constitutive equations in order to make these suitable to predict the behaviour

of more complex polydisperse systems. To enable data comparison a correction

method was applied to account for observed differences in the radii of the testing

rigs used by De Focatiis and those manufactured as part of this research. The

correction procedure is detailed in Appendix B.
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5. Crazing analysis

5.2 Crazing: monodisperse blends

To aid the reader in the interpretation of the results exposed in this chapter a

summary for the Mn and Mw data obtained from SEC in chapter 4 is presented

in Table 5.1. Full details for such materials can be referred to in pages 109 and

110.

Table 5.1: Molar mass details for bimodal blends of polydisperse materials used
in this study.

Code System Mn Mw

[g/mol] [g/mol]

BF Monodisperse-Low Mw 86,113 93,378
BG Monodisperse-Medium Mw 251,330 269,910
BH Monodisperse-High Mw 469,960 540,270

BI 90% BF, 10% BG 93,201 117,830
BJ 80% BF, 20% BG 96,625 133,900
BK 50% BF, 50% BG 134,030 192,150
BL 80% BF, 20% BH 110,830 191,210

R Polydisperse-Dow Chemical Mw 216 kDa 92,471 222,700
BX Polydisperse-Sigma Aldrich Mw 35 kDa 1,452 47,799
BY Polydisperse-Sigma Aldrich Mw 350 kDa 158,580 339,240

CAsb Solution blend: 95% BX, 5% BY 2,537 79,189
CBsb Solution blend: 90% BX, 10% BY 2,572 86,337
CCsb Solution blend: 80% BX, 20% BY 2,429 115,410
CDsb Solution blend: 50% BX, 50% BY 2,877 186,630

CAmm Melt-mix: 95% BX, 5% BY 1,302 52,187
CBmm Melt-mix: 90% BX, 10% BY 1,297 61,468
CCmm Melt-mix: 80% BX, 20% BY 1,407 77,247
CDmm Melt-mix: 50% BX, 50% BY 2,165 167,640

For the purpose this research, all the quoted errors in the experimental mea-

surements refer to the standard error, σM . The formula for the standard error is

provided in equation 5.1.
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5. Crazing analysis

σM =
S√
n

(5.1)

where S is the standard deviation (defined in chapter 3, equation 3.5), and n

refers to the number of tests. Unlike the standard deviation, which measures

the variability among a data set from the mean, the standard error provides a

probabilistic measure of how far the sample mean of the data is likely to be from

the true population mean. The standard error, then becomes a measure of the

precision of the sample mean versus the true mean of the population. As the

size of the sample data grows larger, the standard error is seen to decrease, in

contrast to the standard deviation, which is highly susceptible to the dispersion

of the data.

The monodisperse materials, along with their bimodal blends were tested in

isochronal three point creep using the procedure outlined in section 3.5.2 at a

range of different creep times: 10 s, 60 s, 300 s and 1800 s. The results of these

tests are presented in Table 5.2.

Table 5.2: CIS of monodisperse materials, and their corresponding blends as a
function of creep times.

Material
Creep time / No. of Tests

10 s No. Tests 60 s No. Tests 300 s No. Tests 1800 s No. Tests
[MPa] [MPa] [MPa] [MPa]

BF - - - - 16.03±0.10 2 - -
BG 28.63±1.37 3 23.05±1.01 3 22.16±1.32 11 18.0±1.37 2
BH 25.14±4.75 3 22.74±2.43 3 23.56±1.08 9 18.45±2.61 2

BI - - 17.50±1.0 2 17.57±0.51 7 - -
BJ 27.29±0.63 2 25.04±0.63 2 21.98±1.67 8 - -
BK 24.83±0.16 2 22.64± 0.60 2 20.44±1.19 10 - -
BL 29.28±1.30 2 25.16±1.03 3 23.09±1.87 10 - -

The results in Table 5.2 confirm a series of important phenomena related to

crazing. First of all, as the creep time increases, the CIS decreases, which in

accordance to Kramer [15], Donald [17] and De Focatiis [24]; as more time passes

the material is able to form crazes at a reduced stress. The second observation

to draw from this data, is the fact that there are only limited of representative
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5. Crazing analysis

measurements for materials BF and BI. The reason for this was that it proved very

difficult to promote the formation of crazes in these materials particularly since

longer times resulted in fracture of the specimen. De Focatiis [20] reported similar

difficulties in monodisperse materials with Mw = 68, 000 g/mol, stating that the

reason for this failure has to do with the limited ability of the polymer to entangle

itself. Following the remarks noted by Yang [37], polymers with M < 2Me are

unable to sustain stable craze growth, and stability of the craze growth is seen

to increase with molar mass. It is important to note that although the reported

value for material BF was only based on two quantitatively measured specimens,

the total number of tested specimens was 15. Unfortunately, it was very difficult

to grow crazes in this material, and either no crazes were formed or the specimen

failed before it could be inspected. Hence, the reported two measurements are

representative of the threshold value of the applied stress at which all the other

specimens were tested, and as a result provide enough qualitative evidence of was

observed experimentally.

Even though blend BI only has 10% by weight of material BG, it is already

seen to behave differently to its dominant constituent material BF, and it was

indeed possible to obtain a crazing stress for the blend at 60 s, which was impos-

sible with monodisperse material BF. The interest in this behaviour is that the

combination of a highly entangled material (BG), with a moderately entangled

one (BF) could exert some effect in the crazing behaviour of the blend even only

when minor quantities are added. The third and final comment is seen in the

reported value of CIS for the higher Mw blend, BL. It appears that BL yields a

higher CIS value compared to any of the other blends and to its own constituent

monodisperse material BH. If one was to follow the idea that higher molecular

weight materials are able to dissipate loads better due to their associated capac-

ity of achieving more entanglements, then surely the CIS of this material will be

expected to be lower than blend BJ or BK. Nevertheless, this is not the trend

observed in our results, where the CIS value is actually higher, particularly at

shorter creep times. One thing to note though, is the greater scattering in the

data of the higher molar mass materials (BL and BH) compared to the other

systems, where perhaps the average trend, could simply be a consequence of the

amount of limited data points.
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To confirm the agreement between the time dependence observed in the monodis-

perse materials tested here and the data published in [20], the rate of change of

crazing stress obtained by calculating the difference in the crazing stress over

time, was plotted was plotted against molar mass. The data published by De

Focatiis, and that for samples BG and BH are shown in conjunction with the

disentanglement prediction and scission regression limits in Figure 5.1.

Figure 5.1: Rate of change of craze initiation stress with log time as a function
of molar mass for materials BG and BH and for literature data from ref [20].

The results of Figure 5.1 effectively confirm that the data for materials BG

and BH accurately lies in the region of chain length associated with chain scission

crazing.

Due to the reported time-dependence in the formation of crazes, it was decided

to focus our results solely in the creep time at t = 300 s, as it seems to be a

sufficiently long time to allow for craze formation and be measured accurately, but

short enough to be stable for all our experimental samples without causing failure.

The 300 s crazing given data for monodisperse materials and their associated
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blends is reported in Figures 5.2 for the combination of BF-BG materials, and

5.3 for the combination of BF-BH, as a function the fraction of higher molar mass

component.

Figure 5.2: CIS of monodisperse materials BF and BG, and their corresponding
blends as a function of % BG by weight.

The results in Figures 5.2 and 5.3 clearly reveal that as soon as even as little

as 10% of the higher molar mass component is added into the lower molar mass

monodisperse matrix, a noticeable increase in CIS is recorded. In systems of

polymer blends, it has been reported that the composition and molecular weight

of the constituent materials have a severe impact on the toughness properties

of the blend. In ABS, the molecular weight and composition of the styrene-

acrylonitrile (SAN) matrix is crucial in achieving mechanical endurance. It is

known that if the SAN matrix is less than 2Me , no significant toughening takes

place with rubber addition, as crazing is suppressed and the material becomes

brittle [125].
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Figure 5.3: CIS of monodisperse materials BF and BH, and their corresponding
blend as a function of % BH by weight.

Craze formation also was noted to become more stable with the addition

of a higher molar mass material. Particularly in material BI compared to BF,

a network of a couple of crazes was observed under the microscope, while in

material BF craze formation was indeed very difficult to achieve with only a

single craze being recorded in at least two measurements. The evident rise in CIS

of the blends is attributed to the addition of a higher molar mass component.

As the blend represents a mixture of different chain-lengths, and molar masses,

the entanglement network is modified altering the crazing dynamics in relation to

the larger molar mass species. Prior studies [126] have shown similar increases in

tensile strength for a range of polystyrene acrylonitrile (PSAN) with increasing

molar mass, and more recently the improvement from brittle-to-ductile transition

of PS as a function of molar mass and blending [127]. Also apparent is that as the

CIS in the blends increases, it reaches the value obtained in the pure higher molar
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mass component with just a small fraction of this component. The interesting

thing to note in this last argument, is to identify where exactly the blend reaches

saturation. In other words, what is the exact formulation at which one can achieve

the best properties of both constituent materials (i.e. good flow/melt properties,

with sufficient endurance, and high CIS values)?

5.3 Blending model for CIS

From basic polymer theory [40], the molar mass distribution of a polymer can be

treated as the addition of several weight fractions. If the macroscopic behavior

of the polymer is considered to be the cumulative result of these fractions, it is

then possible to generalize the fraction of a specific molar mass, M , through a

molar mass fraction parameter, φ(M)

φθ(M) =
n(M)M θ−1∑

M

n(M)M (θ−1) (5.2)

where n(M) is the number of moles of speciesM , and θ refers to a power law molar

mass parameter. In this context, θ = 1 gives the number fraction and θ = 2 gives

the weight fraction. In such a view, this same principle can be extended to the

calculation of specific molar mass averages. By considering a specific θ-fraction,

a generalized expression for the θ-average can be computed using equation 5.3

M θ =

∑
M

n(M)M θ∑
M

n(M)M (θ−1) =
∑
M

φθ(M)M (5.3)

where θ = 1 and θ = 2 give the well known Mn number-average molar mass and

the weight-average molar mass Mw, respectively.

Now that we have established some fundamental expressions that serve to
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quantify the molar mass fractions that are found within a polymer distribution, it

is required to attribute these with specific values that can describe their associated

input in the CIS. By making use of the θ-parameter, and the recognition of De

Focatiis’ step-limiting crazing dynamics, it is possible to postulate a simple model

for craze initiation. If one considers that each molar mass fraction within a blend,

namely φ(M), contributes to the overall craze initiation stress, this contribution

can be determined based on the experimental value of a measured σc(M) at its

monodisperse length scale. Following this assumption, the total crazing stress

can therefore be predicted using equation 5.4

σc,θ =
∑
M

φθ(M)σc(M) (5.4)

where φθ represents the associated fraction scaled to the θ-power, of constituent

materials BF, BG and BH, and σc(M) is simply their experimentally measured

value. In this sense, the weight-predicted CIS of blend BI is found through:

σc,θ=2 = (0.9(BF ) ∗ 16.4MPa) + (0.1(BG) ∗ 20.2MPa). The true value of equa-

tion 5.4 relies on the fact that the θ-parameter proposed in this study allows to

gradually quantify the effect that higher molar mass species within the polymer

distribution exert on the craze initiation stress. This is achieved by plausibly

capturing specific molar mass moments within the distribution.

Similar studies have attempted at establishing a correlation between polymer

physical properties and molecular weight averages. In their analysis of tensile

properties in polystyrene Bersted and Anderson [46] gave a successful attempt

at predicting the variability in tensile strength between the molar mass distribu-

tions of both monodisperse and polydisperse polystyrene systems. Their study

was able to present accurate mechanical predictions for both sets of experimental

data through the introduction of a failure property parameter, MT . The main

difference between our proposed expression and that suggested by Bersted and

Anderson is that the θ-parameter represents a numerical constant that can be as-

sociated with all the molar mass fractions that constitute a polymer distribution.

In Bersted and Anderson’s study, the MT parameter was pragmatically calculated
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using the number average, which again, is restrictive by its sensibility to the lower

molecular weight fractions of the distribution. In [128] Donald provided a similar

study for a series of varying molecular weight blends of PS/PPO; she aimed at

quantifying the changes in the craze extension ratio λ, as a function of the in-

crease in the entanglement length, le and Me due to blending. Donald’s strategy

was to use the rule of mixtures as a first approximation to associate the changes

in the entanglement network as a function of the higher molar mass component

(PPO, wt%, χ). Although the study did elucidated some important pheonmena

that will be further discussed in the upcoming sections, the clear limitation of

this model is in its lack of ability to be extrapolated to full MMDs, where λ is

no longer a function of the additive contribution of two components, but a full

spectrum of distinguishable molar mass fractions.

To test the validity of our proposed model, we first apply equation 5.4 to our

bimodal monodisperse blends. The chosen methodology consisted in identifying

the θ value that could give the best prediction for all blends (BI, BJ, BK, BL), and

then multiply the corresponding φθ by its corresponding σc value in the monodis-

perse scale. To identify the value of θ, an optimisation was carried out on all the

experimental data by minimising the root-mean-square (rms) error between our

calculated (i.e. predicted) value of CIS and that obtained experimentally. Figure

5.4 presents the rms error as a function of θ.

As can be seen, the minimum error was found at θ = 3.78. This θ value was

applied to equation 5.4 to calculate our predicted values for σc,θ. For comparison,

values of θ = 1 and θ = 2 were also applied to the data. The results for these

predictions are shown in Figure 5.5. The data has been plotted with the corre-

sponding experimental error bars and error bars from the propagation of errors in

the prediction. The latter are not readily visible, since the propagation of initial

errors in the order or 0.50-4 MPa gets minimised when taking the rms error.

It is apparent that θ = 1 (Figure 5.5(a)) and θ = 2 (Figure 5.5(b)) con-

siderably underpredict the experimentally measured craze initiation stresses of

the blends (by 7%-26% and 5%-21%, respectively). A third plot showing the

predicted CIS values for θ = 3.78 is presented in 5.5(c), where the agreement

between both sets of data is in the error order of 1%-7%.

It is impossible not to recall Deanin’s study [2] on the elongation of PVC
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Figure 5.4: Calculation of the rms between the predicted CIS, and the experi-
mental CIS, as a function of parameter θ. Lowest error margin found at θ = 3.78.

when looking at these results. In Deanin’s study, the correlation of ultimate

elongation molar mass averages improved as these were increased to a higher

moment of the distribution (i.e. M z). Our Figure 5.5 shows a similar behaviour

where crazing in our bimodal blends also appears to be heavily weighted with

respect to the higher molar mass fractions as the rms becomes smaller with an

increase in θ. Furthermore, these results confirm that the use of a θ-power law,

is able to capture the transitioning crazing response that can be expected when

shifting from one molar mass to another. To have a more visual representation

of how the crazing behaviour appears to be more heavily dominated by a higher

molar mass, or moment in the distribution, the M z and M θ=3.78 averages have

been plotted in the SEC distributions of the monodisperse blends in Figure 5.6.

Even though the applicability of the θ-parameter in the bimodal blends showed

a good degree of correlation between experimental and predicted data, the fit
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Figure 5.5: Predictions for the calculated CIS when solving for θ are presented
against the experimental data, at (a) θ = 1, (b) θ = 2, and (c) best rms fit at
θ = 3.78.
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Figure 5.6: M z and M θ=3.78 averages plotted in reference to their location within
the GPC distributions of monodisperse blends: (a)BI, (b)BJ, (c)BK and (d)BL.

was obtained through mere substitution of blending ratios, and not taking into

account the full extent of the molar mass fractions that constitute the whole

distributions of the monodisperse component materials. Due to the narrow poly-

dispersity of the latter, it is expected that such a simple model will yield positive

results with acceptable levels of accuracy (1%-7% error). Nevertheless, one of the

limitations of this approach is the inability to produce error bounds for the value

of the power law exponent theta, θ. In order to address this it was decided to

perform a more statistical error analysis, using the Monte Carlo method.
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5.4 Monte Carlo simulation

Monte Carlo (MC) methods are used to determine the propagation of uncertain-

ties, and to understand what is the relationship between the uncertainty in a

prediction with respect to variations in its defining parameters.

In this particular study, it is useful to consider how the scatter in the ex-

perimental data obtained in the monodisperse materials and blends could affect

the statistical determination of the value of θ. To address this, the Monte Carlo

method uses individual probability distributions of random numbers for each of

the individual experimental variables. By doing so, it is possible to determine

the probability distribution of a specific parameter defined by the combinations

randomly chosen from the ”known” uncertainty distributions of the individual

data inputs [129].

To pursue the applicability of this method, a MatLab code was written in

which a large number (n = 1000) of normally distributed values for the input

experimental variables (e.g. materials BF-BL) were considered. The distributions

were computer-generated by using the given values for the mean and standard

deviation of the materials. The end result is a distribution array of length n

for each one of the analysed monodisperse materials and blends. These randomly

produced distributions, consistent with the experimental measurements of crazing

stress, were fitted to the crazing model of equation 5.4 to determine a probability

distribution of θ. In Figure 5.7 the calculated MC probability distribution of

θ is plotted against the probability density function (pdf) , and the cumulative

density function (cdf) to establish confidence intervals (CI) for the determination

of errors.

The ’ideal’ shape for the experimental data will be to follow the pdf distri-

bution (dashed black line in figure 5.7). Yet, because of the wide scattering in

the data (particularly a higher crazing stress value for BJ compared to BK), it is

possible to note that at ∼0.9 the data starts deviating from the linearity of the

pdf distribution. Due to this deviation in the data with respect to the probabilis-

tic fitting lines occurring at ∼95% confidence interval; it was best to determine

the propagation of uncertainty and delimiting of error bounds at a confidence

interval of 90% ([1.75,17.34]). Thus, θ was determined at 2.59, which is the limit
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Figure 5.7: Probability plot of the MC analysis of θ. The calculated MC prob-
ability function for θ is shown against the pdf and cdf to establish a confidence
interval at 90%.

at which the data is still within the pdf linearity at CI=90% ([1.75,17.34]). The

attained limits will be used when representing the predictive uncertainty of ap-

plying θ =2.59 in the simulations for the calculation of σc using equation 5.4.

The use of a statistical-error approach in the determination of θ allows defining

predictive error bars. The results of applying the new θ value of 2.59, along with

the 90% confidence limits at 1.75 and 17.34 is presented in Figure 5.8.

Although the new MC calculated θ = 2.59 differs from the θ = 3.78 obtained

using a much more simplistic rms fitting approach, the predictive error bars do

apn the experimentally measured values, whilst still securing the predictive ability

of the applied θ = 2.59 at a range of 2-16% reported accuracy with respect to the

observed experimental values.

Since the MC method represents a more refined approach to the uncertainty in

using predictive parameters, such as θ, the remaining analysis of the polydisperse
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Figure 5.8: Predictions for the calculated CIS when solving for θ =2.59 and a
90% CI [1.75,17.34], represented by vertical error bars.

materials will be conducted using the proposed MC θ =2.59 (90% CI [1.75,17.34]).

Other considerations need to be put in place if one were to extend this model for

polydisperse systems, as the CIS value is observed to vary in accordance to the

contribution of multiple molar mass fractions observed within the distribution.

In the next sections, we will show how this issue is addressed.

5.5 CIS model in polydisperse materials

The obvious approach in trying to predict the CIS of our polydisperse materials

will be to employ the θ-value found from the Monte Carlo simulation to input this

into equation 5.4 for the calculation of σc. Nevertheless, the complication when

trying to assess the predictions for polydisperse polymers is one cannot afford to

ignore their polydispersity. In this sense, equation 5.4 could not work by mere

154



5. Crazing analysis

generalisation of molar mass fractions, as it was done with the bimodal blends, in

turn polydisperse materials require a more quantitative account of the fractions

comprising their distributions. For this matter, it is required to associate specific

M fractions with corresponding CIS values. To achieve this, we use the 3-stepwise

liner model for monodisperse materials proposed by De Focatiis [20], in which we

can associate a given molar mass to a specific analogous value of σc.

Two advantages are seen in using this model: first, the experimental technique

is virtually the same, hence theory compatibility directly applies. Secondly, com-

pared to other models (e.g. Kramer and Berger [14]) De Focatiis identified clear

molar mass limits in monodisperse PS systems that can be transferred to our

data for model validation purposes. Furthermore, contrary to other studies [86]

that analyse the shifting from britte-to-ductile transition of semi-crystalline ma-

terials categorised by their test temperature and strain rate, De Focatiis’ model

enables to analyse inherently different crazing data of glassy polymers obtained

at differing temperatures, environments and strain rates by calculation of σc us-

ing an equation that considers chain motion through τR, and chemical kinetics

through the Eyring equation [20]. What is even more remarkable about De Fo-

catiis model, is that clear transitioning molar mass limits have been replicated in

exogenous data [91]. Although some discussion has been ongoing over the feasibil-

ity of chain scission actually occurring at those crazing stress values [130], it has

been reported that there is a correlation between the strain energy release rate for

crack opening, Glc, the entanglement network density, Σe, and the force needed

to break one molecular chain, fs. Brown was able to report fs = 1.4 × 10−9N

in PMMA by assuming Glc ∝ (Σefs)
2, showing good agreement with the chain

breaking force 3 × 10−9N estimated by Kausch and 2.5 − 12 × 16−9N by Odell

and Keller [86]. Since free surface is an inherent element of crazes, and free sur-

face is in itself a type of void structure it is possible to find some validity in

this argument. Once a craze reaches a specific strain energy the stress borne

by the fibrils’ network may concentrate into an individual segment of the craze

causing this to fail by scission. Whether this mechanism is entirely dependent on

chain rupture or whether it represents a combination of disentanglement failure

or slip-link contribution, remains elusive as these sort of chain micro-dynamics

are nearly impossible to be measured experimentally, and can only be modelled
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based on polymer physics. Plummer [90] supports this idea of craze stability via

the entanglement density by highlighting that crazing is crucially dependent on

the extent to which forces can be transmitted between individual chains through

their associated molecular interlocking.

We take the disentanglement and chain scission thresholds previously pre-

sented in Figure 7 in appendix B to provide a clearer picture of the molar mass

limits at which the crazing dynamics are seen to change, and enter the corre-

sponding regimes of: I) dilution, II) disentanglement and III) chain scission,

as the polymer is seen to increase in molar mass. Furthermore, the new lim-

its highlighted in Figure 5.9, also depict clear molar mass values at which these

mechanisms are observed to occur, namely Mc (referred to as Mcrit in De Focatiis’

study) and M∞.

Figure 5.9: 3-linear step model for CIS for monodisperse materials as proposed
by [20].

In polydisperse distributions, molar mass fractions can span across all three
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crazing regimes. Hence, the contribution of φθ(M) must be based on a corre-

sponding crazing mechanism, and equal σc(M). This relationship is presented

through,

σc(M) =


0 , M < Mc

σ∞ ×
(M −Mc)

M∞ −Mc

, Mc < M < M∞

σ∞ , M > M∞

(5.5)

where σ∞ = 19.85 MPa defines the chain scission crazing stress limit value at

M∞ = 154 kDa; while Mc = 31.8 kDa represents the critical molar mass limit at

which the network becomes entangled and crazing by disentanglement occurs.

With the aid of a systematic logarithmic sequence produced in Matlab, it

was possible to run simultaneous calculations of using equation 5.4: σc,θ =∑
M φθ(M)σc(M), where the crazing stress of a specific molar mass is defined

by expression 5.5, and the corresponding fraction, φθ(M) is defined through the

θ-parameter as stated in equation 5.2.

The three core polydisperse materials used in this study, namely R, BX and

BY, were analysed to perform the model validation. In Figure 5.10, the distri-

butions of these polymers have been plotted along De Focatiis’ 3-linear segment

model to highlight the differences in their distributions, and the molar mass con-

tributions to the CIS.

It is worth noting that while the distributions for materials R and BY lie

primarily in the disentanglement and chain scission regimes, material BX shows a

distinct bimodal distribution that spans across all three regimes, with a significant

fraction lying in the dilution region.

A calculation was performed to obtain σc,θ in the polydisperse distributions

of materials R, BX and BY using a Matlab code, with θ=2.59 along with its

corresponding statistical errors. Is worth reminding the reader that it proved

impossible to form stable crazes in material BX, as specimen preparation was

exceptionally challenging due to its extreme brittleness, alongside with multiple

specimens fracturing upon testing. Nevertheless, one specimen was capable to
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Figure 5.10: 3-linear step model [20] for CIS alongside MMDs of polydisperse
materials.

sustain loading at a recorded 2.4 MPa for the observed 300 s, but broke before

optical inspection of crazes could be carried. The relevance of this measurement

is that it provides an upperbound on the crazing stress that can be used as a

reference for comparison against the obtained predictions. The predicted values

for the polydisperse materials are presented in 5.11 against their experimental

data.

Figure 5.11, shows that the predicted CIS values for polydisperse materials

R and BY are underpredicted by 21% and 18% respectively. This discrepancy

suggests that the crazing stress may be more strongly affected by the higher

molar mass fractions that accounted by the θ = 2.59 model. It is interesting

to note that this behaviour supports the observation previously made by De

Focatiis [24] that the craze initiation stress for polydisperse material R seemed

to be in closer agreement with the values observed in a monodisperse material

with similar weight average, rather than with the same number average. The
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Figure 5.11: Experimental vs predictions of CIS at θ=2.59 90% CI [1.75,17.34]
for polydisperse materials R,BX and BY.

CIS predicted for material BX was ∼13.7 MPa, a value six times higher than

the recorded applied maximum stress to which the material was subjected before

breaking. Even though only one experimental measurement of 2.35 MPa was

able to be recorded, approximately 4 samples of material BX were produced and

subjected to 3-point bending. Nevertheless, all other three samples were seen

to fail prematurely due to the inherent brittleness of this material. The validity

of such a recorded measurement, is that it provides a qualitative value for the

very low endurance (∼2MPa) that such material has to undergo applied stresses,

and that was verified by the complexity and premature failure observed whilst

preparing, loading and testing the miniature specimens.

The inaccuracy of the prediction and hence, very wide error bars seen for

material BX may be connected with the bimodal shape observed in this poly-
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mer’s the molar mass distribution, where the contributions to σc,θ span across

the dilution, disentanglement and chain scission regimes. The predicted value

was calculated by accounting only the contributions of the molar mass fractions

that lay within the disentanglement and chain scission boundaries, as has been

replicated by various authors in the referred literature [15; 18; 20; 128]. This

assumes that the molar mass fraction that lies in the dilution regime contributes

nothing to the crazing stress and that it does not adversely affect the contribution

to craze resistance of the other regions. Yet, experimentally the crazing response

of material BX is much poorer than might be expected, and this could be due to

the large unentangled fraction, and its effect on the entangled chains. Deblieck

[86] states that the stress crack growth (SCG) of a material is best measured

by assessing the effective entanglement density, or the amount of load bearing

chains per unit surface. In [131], Fetters et al. proposed a scaling relationship to

estimate the entanglement density for polyolefins. Deblieck’s observation is that

for an entanglement to be truly effective (i.e. load bearing on the time scale of

the experiment) it is required that Mn ≥ ζMe, where ζ is the monomeric friction

coefficient. Hence, in the modification of the model that follows we will look to

properly account for the dilution effect in the entanglement network involved in

the crazing process of highly polydisperse blends.

5.6 Hybrid CIS-DTD model

The inability to capture the behaviour of a wide bimodal polydisperse material

using the present model suggests that other considerations need to be put in place.

Since crazing is a mechanism that initiates as the result of chains stretching, and

subsequent flow between entanglements, it is useful to have look at how this

event occurs in a rheological timescale. It is well known that some relationships

between the strain hardening modulus Gp, and the entanglement network (i.e.

Me) have been attempted in the past [132]. For our crazing model, it is useful to

employ Marrucci’s ideas of dynamic tube dilation [77], to explain the observed

brittleness of material BX. DTD is the idea that constraint release mechanisms

in molecules or entanglements are modified by the dilating character of the tube
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diameter at reduced polymer concentration. The main effect of this is seen in

the tube diameter expanding as the polymer concentration is reduced. This

reduction also affects the overall dynamics of the long chains, and the number

of entanglements decreases as the molar mass between two entanglements, Me,

becomes larger with reduced polymer concentration. Several rheological studies

[133; 134; 135] have been able to predict the viscoelastic response of polybutadiene

and polyisoprene blends and solutions by making use of the DTD and fine-tuning

the value of the dynamic dilution exponent, α (as discussed in section 2.5.1).

In equation 2.13 Shahid presents an expression to account for the decrease in

moduli observed as a function of diluting a series of monodisperse PS with their

oligomers. We take Shahid’s original equation to define the effective molar mass

between entanglements M ′
e as:

M ′
e =

Me,0

c
(5.6)

where Me,0 is the initial value of Me; and assuming α and φ(t) are set to one.

Here, the concentration, c, can be interpreted as the polymer concentration of

sufficiently long and entangled chains as to contribute to the calculation of σc,θ.

Therefore, c can be computed as:

c =
∞∑
Me

w(M) (5.7)

where the subscript w(M) defines the normalised weight fraction of molar mass

M . Referring to the definition of number of entanglements in a fully entangled

melt (∞), Z is,

Z =
M

Me,0

(5.8)
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Then if Me is assumed to change into M ′
e as a result of DTD, one could expect Z

to decrease into a new Z ′ value, termed the effective number of entanglements,

given by

Z ′ =
M

M ′
e

=
cM

Me,0

(5.9)

This implies that as the system becomes more diluted by chains of M < Me,

the concentration of long chains, c, decreases, as does Z ′, with a corresponding

increase in M ′
e. The implications of this effect are that as the number of entan-

glements is decreased, so is the entanglement density, which is known to exert

control in the crazing dynamics, particularly in the disentanglement regime. This

would suggest that when a craze experiences the DTD effect, the probability of

a chain to be entangled by its ends and undergoing fibril stretching is reduced,

consequently a polymer chain that was just above the minimum requirement to

sustain chain entanglement (i.e. Z = 2), is now unable to do so. This idea shares

similarities with some observations made by previous authors. In his model for

crazing [18], Plummer recognises that Mc (the molecular weight associated with a

craze crossing), will decrease as the amount of scission increases, thus increasing

the number of chain ends per unit volume. Donald [128] also hinted at this issue

in her study of PS and PPO blends, where she noted that the thermal degra-

dation of PPO could lead to a greater apparent Me by reducing the number of

effective entanglements. She also recognised that the extreme weakness of the

studied blends was a result of the high stress that was concentrated in the small

number of load bearing PPO chains, compared to the large diluting fraction of

PS chains (unentangled chains).

Returning to our data, the practicality of this argument is that if we associate

the idea of DTD with the De Focatiis 3-linear step crazing model it is possible

to relate σc to Z rather than M . Because DTD theory is based upon the entan-

glement concept, and this can be quantified using Z the proposed model can be

interpreted in terms of the effective number of entanglements, Z ′. As a result,

the piecewiese linear model can now expressed as equation 5.10,
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σc(Z
′) =


0 , Z ′ < Z ′c

σ∞ ×
(Z ′ − Z ′c)
Z ′∞ − Z ′c

, Z ′c < Z ′ < Z ′∞

σ∞ , Z ′ > Z ′∞

(5.10)

with Z ′c = cMc/Me and Z ′∞ = cM∞/Me. Hence the crazing stress of a given

component of the distribution shifts to a lower molar mass equivalent, depending

on the magnitude of c. The new predictions of crazing stress corrected for dilution

can therefore be calculated using expression 5.11.

σc,θ =
∑
Z′

φθ(Z
′)σc(Z

′) (5.11)

The outcome of incorporating such DTD effect will be manifested as a hori-

zontal shift to the left of the polymer distribution. Taking BX as our reference

material, we re-plot Figure 5.10, substituting for Z in the horizontal axis. The

values for Z and Z ′ were calculated through 5.8 and 5.9, respectively.

The outcome of this is that although the stress limits of De Focatiis crazing

model remain the same, the contributions to crazing that arise from the polymer

chains are effectively diluted by the DTD effect.

The effect of applying this correction is to change the prediction of crazing

stress for material BX from 13.7 [1.7, 19,8] MPa to 4.7 [0.6, 6.8] MPa, much closer

to the experimentally recorded value of 2.4 MPa, and within the 90% CI.

In Table 5.3, we present the σc,θ data calculated for the materials analysed

so far: monodisperse systems, along with their bimodal blends, and the poly-

disperse materials. These calculations were obtained by applying equation 5.4

-i.e. without the effect of DTD-, and equation 5.11 -i.e. considering the effect

of DTD-, where the value of φθ(M) was taken directly from the GPC distribu-

tions of our test materials. A value of θ = 2.59 with 90% confidence intervals, and

Me = 15900 g/mol (obtained from rheological data on the monodisperse materials

as outlined in section 6.3) were used throughout the calculations.
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Figure 5.12: SEC distribution of material BX as a function of Z; along with the
3-linear step crazing limits.

Table 5.3: Results for σc,θ without and with (w/) DTD (at θ = 2.59 with a 90%
confidence interval of [1.75, 17.34], Me = 15900 g/mol).

Code Exp.σc Pred.σc,θ Pred.σc,θ c M ′
e Z Z ′

[MPa] without DTD [MPa] with DTD [MPa]

BF 16.03±0.1 13.62 [13.11, 14.73] 14.66 [13.70, 17.96] 0.99 15926 5.87 5.86
BG 22.16±1.3 19.77 [19.67, 19.84] 19.77 [19.67, 19.84] 1.00 15900 16.97 16.97
BH 23.56±1.1 19.81 [19.72, 19.84] 19.81 [19.72, 19.84] 1.00 15900 33.98 33.98

BI 17.57±0.51 14.68 [13.72, 17.99] 14.66 [13.70, 17.96] 0.99 15988 7.41 7.37
BJ 22±1.67 15.58 [14.34, 18.81] 15.56 [14.32, 18.78] 0.99 15999 8.42 8.37
BK 20.44±1.19 17.62 [16.27, 19.54] 17.61 [16.25, 19.52] 0.99 15930 12.08 12.06
BL 23.09±1.87 16.18 [14.31, 19.65] 16.16 [14.29, 19.62] 1.00 15900 12.02 12.02

R 22.64±0.91 17.90 [14.01, 19.85] 17.59 [13.76, 19.50] 0.98 16185 14.01 13.76
BX 2.35 13.74 [1.66, 19.85] 4.69 [0.57, 6.77] 0.34 46627 3 1.02
BY 21.23±1.82 19.13 [16.90, 19.85] 19.00 [16.80, 19.72] 0.99 16004 21.33 21.19

By looking at Table 5.3, it can be seen that the DTD is more effective in

predicting the behaviour of polydisperse system BX, which represents the material
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with the highest amount of unentagled fractions. The model shows virtually no

change when applied to all the other polymeric systems, as their concentration

levels of highly entangled chains are close to unit, and even polydisperse materials

R and BY have high concentrations of entangled chains (c =0.98-0.99). This

more detailed interpretation of the effects of the different length scales within a

blend on crazing is not only physically more realistic, but also able to produce

more accurate predictions of crazing stress in all the materials analysed. The

main contribution of the CIS-DTD model, as seen in Table 5.3, is that although

it offers a relatively minor improvement in polymeric systems were c ∼ 1, it

provides a more realistic and quantitatively accurate prediction for materials with

high levels of polydispersity, as is the case of material BX. What this suggests

is that the application of such a model does become necessary when MMDs are

fundamentally bimodal (e.g. polarised) and containing a number of unentangled

fractions. It is worth emphasizing that the applicability of such a model has real

industrial value, since a lot of processes often include the addition of plasticisers

or low molar mass polymers to facilitate the melting and subsequent processing

of polymer mixtures.

A feature of the proposed model is its use of the polymer’s molar mass distri-

bution to compute σc, and that the θ-parameter has some theoretical relevance

to concepts of chain dynamics, unlike other models proposed by other authors

[18; 46; 128]. In light of these findings, the CIS model with the inclusion of the

DTD effect will be put to test in more complex systems, such as in the case of

polydisperse blends.

5.6.1 Hybrid CIS-DTD model: polydisperse blends

The inclusion of a DTD effect into the 3-linear step crazing model, termed the

hybrid CIS-DTD model, showed little improvement in predicting the CIS of sys-

tems with inherently low polydispersity levels and sufficiently entangled molar

mass fractions (e.g. monodisperse materials and their bimodal blends). Nev-

ertheless, it led to an improved accuracy in predicting the response of complex

polydisperse polymers, such as BX, a highly bimodal system. The obvious next

stage in the validation of this model is to test it against more challenging sce-
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narios, e.g. our bimodal polydisperse blends of materials BX and BY. CIS in

the polydisperse blends was measured at a loading time of 300 s. Due to the

difficulty in loading and extreme brittleness during specimen preparation, it was

only possible to obtain a single measurement for the mm-samples of materials CA

and CB. The difficulties in growing stable crazes in systems where Mw < Mcrit

have been reported [128], and according to Yang [37] there is an inability to grow

crazes below ∼Mw = 40, 000 g/mol. Interestingly enough, our samples represent

highly complex test subjects, as all of the polydisperse blends studied here show

a Mw above the 40,000 g/mol limit, but their Mn values are as low as 1300 g/mol.

Loading of these specimens had to be carried with particular care, with tiny loads

being applied to the centre of the specimens leading to maximum stresses of as lit-

tle as 3 MPa to avoid fracture in the sample. The optical analysis of the miniature

specimens also required special measures; due to the tiny appearance of crazes,

the specimens were inspected before testing, and once the test finished after they

were carefully dried, to ensure the crazes were real, and not just some remaining

DEG adhering to the surface of the specimen. Representative micrographs of this

analysis for materials CBsb, CCsb, and CDsb are presented in Figure 5.13.

The crazing pattern seen in the optical micrographs was found to be very

similar between the sb and the mm blends. The results for the experimentally

recorded σc are presented in Figure 5.14.

As per the bimodal monodisperse blends, it is possible to observe the same

transitioning increase in σc as more BY component is added. Another very in-

teresting remark is the fact that the CIS values reported for the sb-samples are

systematically higher than those seen for the mm-samples, up to an accountable

difference of ∼2 MPa to 7 MPa, as per material CD. One additional feature is

the apparent linear increase in the values of the blends with a higher addition

of component BY. As previously observed by De Focatiis [20], polymer materials

are seen to follow a linear relationship between σc and logM when found in the

disentanglement regime. The Mw for most of the polydisperse blends reported

here lies between 79 kDa and 186 kDa, which suggests that with the exception of

material CDsb, the blends do in fact follow a disentanglement dominated crazing

process that will be evidenced by the linear relationship observed in the data.

The experimental CIS results, along with the calculated CIS predictions using
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Figure 5.13: Micrographs of polydisperse blends (a) CBsb, (b) CCsb and (c) CDsb

at 300s. Crazes are pointed with arrows.

the value of θ=2.59 and a 90% CI for the polydisperse blends are presented in

Table 5.4, following the format used before in Table 5.3.

CIS predictions for the polydisperse blends present a remarkable closer agree-
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Figure 5.14: CIS of polydisperse bimodal blends of materials BX and BY, as a
function of %BY by weight

Table 5.4: Results for σc,θ with (w/) and without DTD (at θ = 2.59 with a 90%
confidence interval of [1.75, 17.34], Me = 15900).

Code Exp.σc Pred.σc,θ Pred.σc,θ c M ′
e Z Z ′

[MPa] without DTD [MPa] with DTD [MPa]

CAsb 2.61±0.09 14.89 [2.87, 19.85] 7.18 [1.38, 9.56] 0.48 33002 4.98 2.40
CAmm 1.92 13.96 [1.74, 19.85] 5.14 [0.64, 7.32] 0.37 43122 3.29 1.21
CBsb 3.21±0.51 15.24 [2.92, 19.85] 7.37 [1.41, 9.60] 0.48 32875 5.43 2.62

CBmm 2.98 14.75 [1.87, 19.85] 5.63 [0.72, 7.58] 0.38 41656 3.93 1.50
CCsb 7.18±1.02 16.47 [3.23, 19.85] 8.30 [1.63, 10.00] 0.50 31559 7.04 3.55

CCmm 6.09±1.68 15.50 [2.30, 19.85] 6.70 [0.99, 8.59] 0.43 36725 4.91 2.12
CDsb 17.57±0.56 18.00 [5.33, 19.85] 11.77 [3.49, 12.98] 0.65 24318 11.73 7.67

CDmm 10.77±1.86 17.81 [4.71, 19.85] 11.18 [2.96, 12.46] 0.63 25325 10.10 6.34

ment to the experiments, but only when including DTD. Contrary to Table 5.3,

an increase of σc can be observed as a direct result of an increasing c. Similarly,

the effect of the dilating tube is evidenced in the increasing M ′
e and correspond-
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ing decrease in Z ′. What is also noticeable is that the CIS reported for the

solution-blended samples is higher than those seen for the melt-mixed specimens.

This result is clearly linked to the MMD of the materials reported in section 3.2,

where the blends produced through a melt-mixing method showed wider distribu-

tions that extend further into the low molecular mass tail of the chromatographic

spectrum.

Figures 5.15 and 5.16 take the data in Table 5.4 and present it in the form

of experimental vs. predicted graphs, where the diagonal represents a perfect

agreement. The accuracy of the predictions for the melt-mixed samples is re-

ported is as high as ∼96% for some of the systems analysed; similarly, accuracy

levels of up to 84% were observed for the solution-blend data. The slight un-

derprediction seen in the model replicates the pattern reported for all the other

polymer systems, but it is evident that the DTD inclusion to the model helps

to quantitatively capture the contribution of unentangled fractions better than

before where they were assumed to contribute nothing into the CIS calculations.

When analysing both Figure 5.15 and 5.16 in conjuction, it is possible to observe

that the prediction error bars (e.g. vertical lines) differ at the bottom end, where

the prediction boundaries offered for the blends produced using melt-mixing offer

a lower bound which is representative of the lower molar mass that comes as a

result of thermal degradation in such materials.

In his micro-indentation study of crazes, van Melick [136] also reported in-

creases of 25% and 30% in the critical craze-nucleation stress when PPO is added

into a PS matrix. He states that the role of the network density on the pro-

cess of craze nucleation is critical, but he acknowledges the importance of other

parameters such as molecular mobility. The hybrid CIS-DTD model proposes

a new method for describing the challenges of craze nucleation as a function of

changes in molecular distributions. A ’negative’ dilution effect arises from the

decrease in the number of entanglements due to the drop in concentration of

highly entangled chains, as a result of entanglement tubes widening from an in-

creased fraction of short (unentangled) chains within the distribution. Plummer

[18; 90] recognised a similar effect in his predictive study of disentanglement and

crazing of PS and PES, where he states that the inaccuracy of the model may

be related to an additional molecular weight dependence of a plasticising effect
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Figure 5.15: Experimental vs. prediction of CIS in the melt-mixed materials at
θ =2.59 90% CI [1.75, 17.34] (a) without and (b) with the inclusion of the DTD
effect.

due to the low molecular weight tail in the distribution. Although the DTD has

mostly been applied to flow dynamics, there is consistent evidence to support
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Figure 5.16: Experimental vs. prediction of CIS in the solution blended materials
at θ =2.59 90% CI [1.75, 17.34] (a) without and (b) with the inclusion of the DTD
effect.

the modelling of solid-state properties based on melt physics. In [132], Haward

analysed the strain hardening of polyethyelene, emphasising on how pragmatic
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calculations of the strain modulus Gp, could be attained through its association

with Me via equation 2.8. Haward recognises that the analogy between the the-

ory proposed by rubber elasticity and large strain processes in thermoplastics can

only be extrapolated to the latter by recognising the concept of the entanglement

network (which acts as the rubber crosslinks). Haward validated the association

between Gp and the rheological rubber plateau modulus, GN
0 , by assuming the

former is obtained by a purely rubbery elastic response. His approach confirmed

similarities in the order of magnitude, and in some cases equalities between both

parameters [86; 137; 138]. Along these lines, Kramer[139] carried a study for

the relationship between the fracture toughness parameter, GIC , and the craze

criterion for craze stability in low molecular weight materials. The predictions

correlated the extension ratio of the fibril, and the root mean square end-to-end

distance of the PS molecule to predict that GIC decreases as M
1/2

w .

5.7 Birefringence and crazing

5.7.1 Birefringence and orientation

As has been suggested before in section 2.7.5, orientation can influence the char-

acter and formation of crazes. Hence, understanding how anisotropy has an effect

on the loading capability, and hence stress dissipation that arises from craze for-

mation in glassy polymers becomes relevant, as most manufacturing processes (i.e.

injection, extrusion) imprint an often unintended degree of orientation into the

drawn polymer. Drawn specimens of monodisperse materials and their monodis-

perse blends were produced following the procedure described in section 3.6.1.

The miniature crazing specimens were cut from the elongated bars, and examined

for birefringence (section 3.6.2) prior to immersion in DEG for subsequent crazing

experiments. The measured averaged birefringence is reported as a function of

specimen drawing temperature in Tables 5.5 and 5.6. All specimens studied were

drawn at a fixed stretch of λ = 3.

The reported results show that birefringence increases as the drawing temper-

ature approaches the glass transition temperature (∼106 ◦C) and the associated
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Table 5.5: Birefringence measurements of drawn monodisperse materials.

Code Drawing Temperature Birefringence No. Tests
[◦C] [-∆n]

BF

106.77 0.0169±0.002 4
117.45 0.0058±0.0002 4
127.07 0.0014±0.00005 4
137.07 0.0002±0.00002 2

BG

106.81 0.0225±0.002 3
116.39 0.0088±0.009 4
126.6 0.0048±0.0003 4
136.62 0.0025±0.00009 4

BH

106.78 0.0198±0.005 2
116.31 0.0085±0.0005 5
127.09 0.0053±0.0002 5
136.5 0.0047±0.0003 5

timescales for the observed chain lengths become insufficient to achieve relax-

ation. To facilitate analysis, the birefringence data is plotted as a function molar

mass in Figure 5.17.

These molar mass plots also depict more graphically why materials BG and

BH present higher birefringence values (in the region of 16%-23%, and 28%-91%

increase, respectively) when compared to the rest of the observed samples. It co-

incides with the fact that these materials have the higher Mw averages at 269 kDa

and 540 kDa, respectively. The initial origins in the study of birefringence were

examined through the phenomenon of photoelasticity [140; 141]. The orientation

of polymer molecules could be studied by the applied mechanical stress and po-

larization of light passed through the specimen in what is commonly known as

the stress-optical coefficient. The stress-optical coefficient explains the onset and

increase of birefringence in proportion to the stress that develops during drawing.

As polymer dynamics has grown further in the understanding of viscoelasticity

through tube models and relaxation times, to better interpret the aforementioned

data, it will be convenient to apply the concept of Weissenberg number, Wi. This

number is associated with the various relaxation times of the polymer, and is

defined as the product of the rate of deformation experienced by the polymer, ε̇
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Table 5.6: Birefringence measurements of drawn monodisperse blends.

Code Drawing Temperature Birefringence No. Tests
[◦C] [-∆n]

BI

106.52 0.0140±0.001 4
117.28 0.0048±0.00008 5
126.96 0.0011±0.00006 4
136.63 0.0002±0.00002 4

BJ

106.81 0.0150±0.002 4
117.21 0.0070±0.0003 4
127.17 0.0011±0.0001 4
137.22 0.0002±0.0003 4

BK

106.9 0.0150±0.0009 5
117.27 0.0051±0.0007 4
127.47 0.0019±0.0007 5
136.54 0.0007±0.0008 4

BL

106.29 0.0130±0.002 4
116.82 0.0052±0.0002 5
127.28 0.0016±0.0003 4
136.93 0.0005±0.0001 4

, and the characteristic relaxation time, τ . Depending on the timescale analysed

the latter could simply be substituted by τe, τR or τd, to give the corresponding

Wie, WiR and Wid. The choice of using a distinctive timescale comes from the

fact that polymers are known to be defined by a spectrum of multiple relaxation

times, which govern the material’s nonlinearity and elasticity at different length

scales [142].

The usefulness of the Weissenberg number is that it serves to define the degree

of anisotropy or orientation generated by the deformation experienced by the

polymer system. Thus, it becomes an effective measure to describe polymer flows

with a constant stretch history, such as in the case of ”frozen-in” birefringence.

Following the study of Luap and coworkers [143], it is recommended to refer to

the WiR time, derived from the longest Rouse time defined by equation 2.9, as

this governs the stretch relaxation of polymer chains.

To apply the aforementioned concepts, the birefringence data of the monodis-
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Figure 5.17: -∆n as a function of molar mass, M , and drawing temperature: (a)
106◦C, (b) 116◦C, (c) 126◦C, and (d) 136◦C.

perse materials and blends is plotted as a function of drawing temperature in

Figures 5.18 and 5.19. The temperatures at which WiR=1 for all materials have

been calculated and plotted for reference. In [12], De Focatiis reported the WiR of

polymers AF (Mw=262 kDa) and AG (Mw=518 kDa), to be found at 154 ◦C and

174 ◦C, respectively, which is in close agreement to the temperatures calculated

for WiBGR and WiBHR . Our materials share a close similarity in their reported Mw

averages to De Focatiis’ data.

From Figures 5.18 and 5.19 two trends can be clearly identified: the first

is the already reported decrease in birefringence as drawing temperature is in-

creased. This change can be traced back to the reported Rouse relaxation time

of the material, which becomes effective at temperatures above 140 ◦C as per the

quoted WiR points. A Weissenberg number greater than unity implies that re-
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Figure 5.18: Measurements of the birefringence vs. drawing temperature for
monodisperse materials BF, BG and BH. Also illustrated are the temperatures
at which Weissenberg numbers are equal to unity.

laxation does not occur during stretching on the length scale associate with the

corresponding relaxation time [12]. This means, that as the drawing temperature

shifts towards a glassy state, Wi increases and thus the material is unable to relax

the deformation and chain stretch is frozen in. Secondly, the molar mass, or chain

length, dependence associated with longer relaxation times can be identified in

the higher birefringence values noted for materials BG and BH when compared

to lower molar mass sample BF. In the blends this is even more evident as it is

seen that blends BK and BL show very similar Wi numbers, arising from the

similarities in their reported Mw averages. Now that the orientation of the sam-

ples has been characterised in terms of birefringence, it is possible to associate

this with craze initiation, as will be explained in the next section.

176



5. Crazing analysis

Figure 5.19: Measurements of the birefringence vs. drawing temperature for
monodisperse blends BI, BJ BK and BL. Also illustrated are the temperatures
at which Weissenberg numbers are equal to unity.

5.7.2 Crazes in oriented specimens

The pattern of oriented crazes has been analysed before by Farrar and Kramer in

their study of thin films of PS [144]. TEM analyses showed that the microstruc-

ture of crazes was dependent on orientation. The crazes formed in parallel to the

orientation direction were many and short. Samples strained perpendicular to

the orientation axis were seen to produce a reduced number of longer and wider

crazes. From TEM micrographs, Farrar confirmed the existence of a midrib region

in the parallel samples that appeared to be absent in the perpendicular specimens.

He concluded that the absence of this midrib in the perpendicular crazes reduced

the effective strain hardening mechanism, thus preventing the craze from thicken-

ing and dissipating the applied load. Quantitative measurements of the volume
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fractions of fibrils, vf , using microdensitometry supported this statement, as the

vf for the perpendicular crazes '0.05 was considerably lower than those reported

in isotropic (vf '0.25) and parallel (vf '0.45) specimens. This suggests that the

load bearing capacity of crazes grown perpendicularly to the orientation axis is

reduced compared to those formed in parallel. This argument is consistent with

experimental evidence, where the tensile strength of polymer materials is seen to

increase when the load is applied in parallel to the drawing direction [145; 146].

In this study, crazes were only formed parallel to the orientation direction. The

crazes in bars oriented at temperatures closer to the polymer’s Tg (i.e. ' 106◦)

proved challenging to form, in agreement with De Focatiis [21]. The pattern of

the crazes was that of a blurry and not well-defined character, almost as fine

dots creating an opaque region within the transparent specimen when viewed

under the microscope. As the drawing temperature was increased, the crazing

pattern became more similar to the long-streaked and well-defined crazes seen in

isotropic specimens. In figure 5.20, the evolution of the crazing pattern for blend

BI is presented for reference in a series of micrographs. Crazes can be seen to

become more defined as the drawing temperature is increased.

In Figures 5.21 and 5.22, the measured crazing stress at tc = 300 s is reported

against drawing temperature.

The plots show a remarkable increase of crazing stress as the amount of frozen-

in orientation is increased, regardless of the polymer molar mass characteristics.

This means that at low drawing temperatures the relaxation of the polymer does

not occur on the associated observation length scale. Hence, at these tempera-

tures the polymer relaxation on a sub-entanglement length is repressed, causing

a rise in the crazing stress, and eventually suppressing it [21]. At higher drawing

temperatures, the relaxation time of the polymer becomes more significant within

the observation time frame, and as a result the crazing stress drops, almost reach-

ing the level of isotropic samples. These results correlate with what is observed

in the micrographs, since at low drawing temperatures it was really difficult to

observe any well defined crazes, as per the suppression mechanism described by

De Focatiis [21]. One noticeable remark is the inherently lower σc value observed

for material BH at 106◦C compared to its counterparts BF and BG. The reason

for this discrepancy may come from the fact that the miniature specimens used
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Figure 5.20: Micrographs of crazing pattern of oriented monodisperse blend BI
at different drawing temperatures: (a) 106 ◦C, (b) 116 ◦C, (c) 126 ◦C, and (d)
136 ◦C.

for crazing tests, were taken at the gripping ends of the oriented samples, and

hence may have experienced some additional relaxation that could have dropped

the orientation and hence crazing stress of the samples.

Following the format used in [21], the σc values for the oriented specimens are

presented in Figures 5.23 and 5.24 in plots of comparative σc−σc,iso vs -∆n. The

graphs illustrate the average increase in crazing stress for each test condition rela-

tive to the mean for isotropic specimens, plotted versus the average birefringence

measured on the actual miniature beam crazing specimens. A limit for linearity

of the stress-optical rule for PS was selected at 1.6 MPa [143], corresponding to a

birefringence of -0.0072. The linear regression data published in[21] is shown in

the data as solid lines, while ∆n=-0.0072 is delimited with a dashed line.

Analysing these graphs, it can be observed that at low levels of birefringence

(≤-0.0072), the monodisperse materials and their bimodal blends appear to follow
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Figure 5.21: Measurements of the crazing stress vs. drawing temperature for
monodisperse materials BF, BG and BH.

the linearity of the stress-optical rule suggested in [21]. Furthermore it shows

that the crazing stress is influenced by the degree of orientation independently of

the molar mass of the materials. At higher birefringence values (≥-0.0072), the

materials stop following the linearity of the stress-optical rule and the scattering

of the data preludes a more conclusive determination.

The similarity between the crazing behaviour in oriented materials of varying

molar mass studied here, and the study performed by De Focatiis in monodis-

perse samples confirms that in oriented specimens molecular stretch is primarily

what controls the increase in crazing stress. σc is found to rise with increasing

orientation, and it relaxes back to the value of isotropic specimens on a timescale

associated with the longest Rouse time of the polymer. The data reported here

has not yet been published, and could provide an excellent platform for the further

exploration of the theory of crazing in oriented polymers applied to PS blends of
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Figure 5.22: Measurements of the crazing stress vs. drawing temperature for
monodisperse blends BI-BL.

any given molar mass.

5.8 Conclusions

This chapter has studied craze formation in a series of PS systems, ranging from

low polydispersity levels to highly complex polydisperse blends. A θ-parameter

inspired by polymer theory of molar mass distributions, was included into De

Focatiis’ piecewise linear model [20], and applied to the molar mass distributions

for the prediction of CIS in monodisperse systems. Good agreement (70%-90%

accuracy) was achieved when predicting CIS values for the monodisperse systems,

monodisperse bimodal blends and mildly polydisperse materials, but the model

failed to capture the behaviour of highly polydisperse bimodal blends. To capture
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Figure 5.23: Measurements of the increase in crazing stress relative to that of
isotropic specimens in monodisperse systems BF, BG and BH, plotted versus the
birefringence, −∆n, measured directly on the crazing test specimens. Dashed line
represents the limit for linearity of the stress-optical rule, while solid line repre-
sents De Focatiis [21] birefringence linear prediction for monodisperse materials.

this behaviour an additional DTD effect was incorporated into the theory, leading

to a remarkable improvement of up to 50% accuracy in predicting σc for these

systems. DTD assumes that the saturation of the system by short chains (too

short to entangle), causes the concentration of long chains to drop, thus decreasing

Z into an effective Z ′, and hence reducing the ability of the entanglement network

to sustain stable craze formation.

Additionally, crazing was studied in bimodal monodisperse blends as a func-

tion of frozen-in orientation. The theory of crazing in oriented polymers of

Maestrini and Kramer [94] was applied following De Focatiis and Buckley’s [21]

study in monodisperse PS. The results confirm that in drawn blend specimens,
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Figure 5.24: Measurements of the increase in crazing stress relative to that of
isotropic specimens in bimodal blends of monodisperse systems BI, BJ, BK and
BL, plotted versus the birefringence, −∆n, measured directly on the crazing test
specimens. Dashed line represents the limit for linearity of the stress-optical
rule, while solid line represents De Focatiis [21] birefringence linear prediction for
monodisperse materials.

orientation controls the rise in crazing stress over molar mass, at least at bire-

fringence levels where the linearity between the stress-optical rule applies.

This work has presented novel values for the σc of PS bimodal monodisperse

and highly polydisperse blends. The extreme complexity of growing crazes in

samples with a high % of unentangled fractions proved challenging, particularly

due to the inherently extreme brittleness of the specimens, with some corre-

sponding adaptations having to be put in place; still, small crazes in the form

of concentrated spots could be detected by optical microscopy. The relevance

of the obtained results, is that they allowed for the further development of an
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existing crazing model ([24]) to include other effects such as active dilution of

the entanglement network by the lower molar mass tail of the distribution, which

before was only assumed to have no contribution. This effect is now captured by

the enhanced model, and is consistent with other crazing mechanisms that have

been previously described by other authors [15; 17; 18; 89; 90; 91; 128], but never

tested before in systems with such high levels of polydispersity.

The study of crazing and birefringence in oriented bimodal blends of varying

molar mass has provided novel data for the extension of the research initiated by

De Focatiis [21] which suggested to use birefringence as a predicting parameter, to

be used in conjunction with constitutive models [12] when looking at predicting

the crazing stress of PS systems, regardless of their molar mass and process

history characteristics.
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Chapter 6

Rheological Analysis

6.1 Prelude

The SEC and DSC characterisation of the studied materials was reported in chap-

ter 4 on page 105. SEC analysis enabled characterisation of the variations in the

molar mass distributions and molar mass averages of the monodisperse, polydis-

perse and blends systems. DSC showed that, in materials with a higher content

of unentangled fractions, considerable decreases in Tg were reported. Using a

model by Lodge and McLeish [29], it was possible to see that the influence of the

interactions between short and long molecules cannot be simply quantified by

mere weight of blending fractions, and often dilution effects should be accounted

for when examining the effective relaxation behaviour of binary and polydisperse

blends. In chapter 5 on page 139, the model of De Focatiis [20] for the determi-

nation of the craze initiation stress was refined through the inclusion of a DTD

effect derived from polymer melt physics. By consideration of this mechanism,

the CIS of highly polydisperse PS blends could be better simulated. Whilst it

has been experimentally feasible to make use of rheological concepts to model the

solid-state of mechanically observed phenomenon, it is known that some aspects

of non-linearity can be better characterised through the shearing of polymers in

their molten state. Hence, the purpose of this chapter is to make use of the
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latest rheological theories to explain the phenomenologically observed responses

of the studied materials when tested under oscillatory shear, steady shear and

elongational shear.

6.2 Validation of LVE configuration

Rheological tests were performed in oscillatory shear, transient shear and exten-

sional modes as described in section 3.7. The rheological tests in this study were

performed using an Anton Paar MCR-302 rheometer in air atmosphere. The size

of the plates matches the size of our press-moulded discs, hence additional discs

were produced for rheology following the method described in section 3.4. The

results of these tests are presented below.

Linear rheological measurements were collected through steady-shear oscil-

lation tests using a 25 mm parallel plate geometry with a 0.5 mm gap size in

air atmosphere. Frequency sweep tests were carried at an angular frequency, ω,

between ω =0.1 s−1-100 s−1, and a temperature profile of T =120 ◦C-200 ◦C.

The initial test consisted of a small assessment using material R to verify the

accuracy of the equipment and data acquisition of the Anton Paar rheometer.

The idea was to compare the obtained data with the data reported previously

by De Focatiis [10], using a cone and plate configuration. Therefore, two tests

were performed: the first one using a 25 mm parallel plate configuration, and the

second test using a cone and plate set up with a cone of 0.3 ◦ and 25 mm diameter.

The data obtained at each temperature was then shifted using time-temperature

superposition in REPTATE (as explained in section 3.7.4), to provide a single

master curve for each polymer at a reference temperature of 170 ◦C. The results

for these experiments are presented in Figure 6.1.The data has been presented

colour coded, with blank symbols for the storage modulus(G′), and centre-dotted

symbol refers for the loss modulus, G” . The data published by De Focatiis has

been included for reference.

From these results it is possible to observe that the data is not influenced by

the rheological configuration of choice (either parallel plates or cone and plate).

Similarly, a good agreement and superposition in the plots is observed, showing
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Figure 6.1: G′ and G” moduli at 170◦C using TTS, for polymer R: using parallel
plate (pp), using cone and plate (cp) and reported by De Focatiis[10].

good repeatability in the material response as measured by our equipment, as

well as in comparison to the results obtained by De Focatiis. The remaining

materials were all characterised using only the parallel plate configuration for the
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outstanding oscillatory trials.

6.3 LVE monodisperse material parameters

As it has been previoulsy stated, the first step in the analysis of rheological data

is to establish intrinsic material parameters, Me, Ge and τe. In order to define

these, we used the oscillatory data obtained from testing our linear monodis-

perse PS melts (BF, BG and BH); the data was then uploaded into the optimizer

REPTATE and the microscopic theory of linear polymer melts of Likhtman and

McLeish [80], L-M, was applied. Material parameters Me, Ge, and τe were cal-

culated by treating them as variables to yield the best fit of the L-M theory for

monodisperse materials. This ”calibration” approach is common and has been

used by various authors [6; 7; 9; 10]. The values of the parameters obtained are as

follows: Me = 15.9 kDa, Ge = 253.6 kPa and τe = 0.0014 s . Figure 6.2 presents

a G′, G” vs. Frequency mastercurve plot of the fit of the L-M prediction (lines)

and data (symbols).

As it can be seen the data and theory fit nicely together in graph 6.2. The

accuracy at the higher end (higher frequencies) tends to drop, since the model

breaks when entering the glassy regime. The error between the data and the

theory reported by REPTATE is based on an error minimisation method using a

downhill simplex algorithm for data fitting. What this means is that the data is

analysed as a function over constrained variables (e.g. theory parameters), and

the resemblance between the calculation and the data are compared and averaged

to provide a mean error value. Values closer to zero represent high similarity

between the data and the theory, whilst interger numbers represent considerable

deviations. The error reported between our experimental data for materials BF,

BG and BH and the LVE response predicted by the L-M theory is in the region

of 0.01. Details of the error for each individual material are presented in Table

6.1.

In table 6.2 we compare our obtained parameters against those identified for

polystyrene in recent literature [6].

The parameters agreeably lie within the limits of current published data, and
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Figure 6.2: Master curve plots for monodisperse materials BF, BG and BH (sym-
bols), plotted against REPTATE simulations using the L-M theory (lines), and
obtained fitting parameters Me, Ge, τe.

hence will be used as the material parameters of choice for further simulations

made in this study.
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Table 6.1: Prediction error between L-M theory and monodisperse materials BF,
BG and BH.

Material L-M theory error

BF 0.012
BG 0.004
BH 0.002

Table 6.2: Material parameters for PS, adapted from[6].

Publication Me [g/mol] Ge [MPa] τe [s] Temperature [◦C]

Likhtman [7] 14470 0.275 0.00092 169.5
VanRuymbeke [76] 18500 0.25 0.0008 170
Park-Larson [147] 14400 0.25 0.0033 167
VanRuymbeke [148] 16000 0.2625 0.0008 169.5
Pattamaprom [149] 16625 0.25 0.002 169.5
This study 15900 0.25 0.0014 170

Basic interpretation of linear and non-linear data requires easy access to fun-

damental material values, linear parameters and calculated parameters. Following

the format suggested in [9], the data for the studied monodisperse PS systems is

presented for references in Table 6.3. The reptation time, τd was computed using

REPTATE.

Table 6.3: Parameters for the studied monodisperse materials. Material param-
eters are as obtained from SEC analysis, linear parameters are obtained from
linear oscillatory shear, and calculated parameters are computed from the other
parameters.

Material values Linear parameters Calculated parameters

Code Mw c PDI Ge τe Me Z τR τd
[kg/mol] [MPa] [s] [g/mol] [s] [s]

BF 93.4 1 1.08
0.253 0.0014 15900

5.87 0.05 0.17
BG 269.9 1 1.07 16.97 0.39 7.70
BH 540.3 1 1.15 33.98 1.56 85.08
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6.4 PS materials LVE master curves

Once the material parameters have been defined, the next step is to produce the

master curves for the oscillatory data of the systems analysed in this study. The

results are detailed in the upcoming subsections.

6.4.1 Monodisperse blends

The first set of data was that of the bimodal monodisperse blends; the data is

presented in Figures 6.3 and 6.4. These plots show nicely how as the higher molar

mass component is added, the blend starts to shift slightly to the left, as per the

increase in the relaxation times previously noted by [6]. It is also possible to see

how the plateau region is extended, a signature of the entanglements, and longer

chains. Finally, a set of ”shoulders” can be observed in the lower frequency region,

resulting from the combined contribution of longer and shorter chains, this, as

discussed in the literature 2.5.1, can yield to lower compliance values resulting

from a broadening of the distribution of relaxation times. In his comparative

study of monodisperse binary blends, Watanabe [70] notes that the position of

the shoulders depends little on the long chains, but the height does increases with

the addition % of long chains, replicating the results observed in this study.

6.4.2 Polydisperse and blends

The analysis of the polydisperse blends data was somehow less straight forward.

Due to the great difference in Tg between the higher constituent material BY

and the matrix polymer BX, it deemed necessary to find a more appropriate

processing method to ensure a better comparison of their viscoelastic responses

and respective blends. Shahid [8] has previously reported a method [150] to work

under the iso-Tg condition. This procedure ensures the data is at a constant dis-

tance from the reference temperature, Tref by considering the differences between

this and the polymers’ Tg. Hence, the data for the master curves are created by

obeying the condition Tref -Tg=constant. Although Shahid was able to shift the

data using this method to ensure a good overlap of the viscoelastic response in
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Figure 6.3: Master curves of monodisperse materials BF and BG, and their cor-
responding blends.

the high frequency region for his diluted blends; the method proved to be less

successful for our data as the differences in Tg found between our materials are in

the order of 22 ◦C-45 ◦C compared to Shahid’s range of 2 ◦C-12 ◦C. It was found
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Figure 6.4: Master curves of monodisperse materials BF and BH, and their cor-
responding blend.

that such great deviations between Tg were too large to produce suitable shifting

parameters that could work for all of our polydisperse materials.

In view of these challenges, an alternative method was selected. We applied
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the approach proposed by REPTATE [102], which states that when shifting the

LVE data of very short chains it is important to consider the dependence of Tg

with the molecular weight of the sample. This change is roughly related to the

amount of free ends (i.e. Mn). To enable this consideration in TTS, the following

phenomenological expression is used:

Tg = T∞g −
CTg

Mn

(6.1)

This leads to a modified equation for the horizontal shift from 2.4 to equation

6.2.

log10 aT =

−C1(T − T0 +
CTg

Mn

)

T + C2 +
CTg

Mn

(6.2)

It has been stated that the dependence of free ends in Tg, is described by a

1/Mn relationship[3; 4; 5]. This follows the argument that at lower Tg the amount

of free ends is increased, and hence the molecules are more mobile due to higher

amounts of specific volume. Through this relationship, it is possible to retrieve

CTg from Tg vs 1/Mn plots, as the value of slope k. In Figure 6.5 we use the

DSC data in section 3.3, to obtain CTg.

Linear regression on the data yielded a value of CTg =58.348. This value

was input into REPTATE to obtain the best TTS fit for the polydisperse and

blends materials master curves with the use of expression 6.2. The data for the

polydisperse materials and the blends obtained by solution blending is presented

in Figure 6.6, while the data for the polydisperse blends produced through melt-

mixing is shown in Figure 6.7. This sort of correction method due to differences

in the glass transition temperature arising from variations in molar mass is not

uncommon, and in fact other authors have reported corrections of the sort when

dealing with the characterisation of diluted monodisperse PS systems [151].
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Figure 6.5: Tg dependence on 1/Mn.

From Figures 6.6, and 6.7 it is possible to see that the Ge plateau and tran-

sitioning slopes for G′ = 2 and G” = 1, are less pronounced than those seen

in monodisperse materials, which is characteristic of polydisperse distributions.

This is associated with the wider breath of the polymer distribution, where the

relaxation times are greatly spanned towards a much larger range. In the graph,

this effect is perceived in the longer extent of the Ge plateau, with a more curved

shape rather than the almost perfect horizontal line observed in the monodisperse

materials. This is correspondingly observed in the less pronounced transitions

into the terminal zone (lower frequencies). Although Ge is considered a material

parameter, one can still identify a slight drop in the plateau as this goes to lower

molar mass values. This effect is even more noticeable in the melt-mixed data,

where there is a significant difference between material CD and the rest of the

blends. An additional observation is the shape of the response of material BX,
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Figure 6.6: Master curves of polydisperse materials BX and BY, and their corre-
sponding blends obtained by solution blending.

characteristic of unentangled chains [6].

The raw data presented here will be analysed with the corresponding LVE

theories in the upcoming section.
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Figure 6.7: Master curves of polydisperse materials BX and BY, and their corre-
sponding blends obtained through melt mixing.
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6.5 REPTATE LVE simulations

In section 2.5.1, current LVE models to predict the viscoelastic responses of poly-

mer melts were discussed. One of the benefits of REPTATE is that it encompasses

a rheological library of latest theories to fit specific experimental data. The ad-

vantage is that through the use of REPTATE these models can be assessed by

comparing the reported error between experimental data and the chosen rheo-

logical model. In these sections the latest LVE models for binary blends and

polydisperse materials are applied to our polydisperse systems, as well as to

monodisperse and polydisperse blends to evaluate their predictive accuracy. The

whole purpose of this analysis is to identify where the theories fail, and where

there is some agreement between them on the treatment of multiple relaxation

times derived from the multiplicity of chain lengths.

6.5.1 Polydisperse materials: pDR theory

The first theory we made use of is the polydisperse double reptation theory, pDR,

first proposed by des Cloizeaux [152] and Tsenoglou [75]. REPTATE’s treatment

of this model incorporates CLF, CR and longitudinal stress relaxation along the

tube through the application of the L-M theory [7]. CR is treated by assuming

double reptation (α = 1), by fitting parameters Me, Ge, τe and M0, where M0

refers to the molecular weight of a Rouse monomer. One extremely useful feature

of REPTATE is that when applying the LVE pDR theory, it is possible to extract

the MWD data directly from a GPC file. Taking des Cloizeaux approach, the

relaxation in the pDR model can be defined by considering that the stress points

between two molecules of different sizes, a short chain −S, and a long one −L,

will disappear if one of these two chain relaxes. The relaxation is thus a product

of the additive contribution of the unrelaxed fractions of the initial tube at time,

(t). In its simplest form, the generalised expression for the pDR theory is given

by equation 6.3 [6; 39; 152; 153].

G(t) = G0
N

[∑
M

φM(FM(t))1/2
]α

(6.3)
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where the term FM(t) represents the unrelaxed fraction measured on the scale of

monodisperse polymer species M (i.e. µM), including the double reptation effect.

The theory is known for its suitability to predict the behaviour of polydisperse

systems, and hence it was applied to materials R, BX and BY. In this study

parameters Me, Ge, τe are extracted from the value obtained for the monodisperse

materials, while variables M0 and α are fitted by the model. The MMD data

was input into REPTATE by uploading the materials’ corresponding GPC files.

Comparative G′-G” plots between experimental data and theory predictions are

presented in Figure 6.8, the error values between experimental and theory are

shown for reference in Table 6.4.

Table 6.4: Prediction error between pDR theory and polydisperse materials.

Material pDR theory error

R 0.024
BX 2.378
BY 0.013

The double reptation model seems to work well for the data of materials R

and BY with error estimates below 0.025. Because this model is based in the

assumption that an entanglement between two chains relaxes as one of the chain

diffuses away, it works best when the relaxation times in the polymer are not

too different [6]. This is why it appears to fail when trying to account for the

behaviour of material BX, as this represents a very polarised distribution with

a high degree of unentangled fractions considerably below the critical molecular

weight for an entanglement (Mc = 2Me). Further extensions based on the double

reptation model include Carrot’s [153] where the premise is to consider various

relaxation processes occurring simultaneously (a.diffusion of the chain, b.diffusion

between entanglements, and c.local motions, i.e. high-frequency relaxation pro-

cesses), and assume an additive contribution based on a mixing rule. In this

mixing rule the kernel, or surviving fraction of original tube segments at time (t),

is described by a function of relaxation times representative of a distribution of

monodisperse species, M (e.g. F (t,M)). Most recently, Leonardi [154], improved

Carrot model by recognising the effect of tube renewal, which means that in a
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Figure 6.8: Master curve plots for polydisperse materials R, BX and BY (sym-
bols), plotted against REPTATE simulations using the pDR theory (lines).

polydisperse environment the chain does not stay in a fixed tube, the tube itself

is time dependent, and may change or disappear as the surrounding chains that

define it start to diffuse. The data reported in this study for polydisperse PS sug-
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gests that the predictive accuracy of the pDR theory including the effect of tube

renewal seems to only really improve the terminal relaxation time of polydisperse

systems with PDIs of >3. Nevertheless, for well-entangled samples with smaller

polydispersity (∼ 2), tube renewal effects were negligible. Materials R and BY

are representative of the latter, which means that the prediction obtained from

REPTATE is indicative of this state of the theory, and hence approximates to the

best quality of simulation that can be achieved. For material BX, it would appear

as if the current rheological theories provided by REPTATE are still not capable

of decoupling the effects associated with such high levels of polarised polydisper-

sity (in fact material BX is a bimodal highly polydisperse polymer). Leonardi’s

model went as far as to account for reasonable predictions in a PS material with

a PDI=3.4. The calculated level of polydispersity in material BX is PDI=32.9,

certainly far from the estimations tested by Leonardi. In the next sections, the

accuracy of the pDR model is compared against Rubinstein and Colby’s model

for binary mixtures in the rheological data of our monodisperse and polydisperse

blends. Here, the contributions and limitations of both theories are highlighted

in further detail.

6.5.2 Blends: R-C and pDR theories

6.5.2.1 Monodisperse blends

In the case of binary monodisperse blends the theory developed by Rubinstein-

Colby, R-C [74; 155] offers some solid ground to determine their rheological prop-

erties. REPTATE handles this theory by defining parameters based on the molar

mass information of the blend; namely the Mw of the its constituents (Mw1 and

Mw2), as well as their blending ratio by mass, φ (which refers to the wt% of

Mw1). The R-C theory considers that the stress relaxation in a binary blend can

be defined by the relaxation functions of two distinctively defined weight compo-

nents, φS, i.e. volume fraction of short chains, and φL, i.e. volume fraction of

long chains. This is described in equation 6.4 [155].
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G(t) = G0
N

[
φSµR(t, NS) + φLµR(t, NL)

]
(6.4)

where µR represents the unrelaxed fraction of short and long chains (i.e. the

fraction of polymer that has not escaped from the initial tube at time (t)), and

N refers to the number of chain segments.

When talking about polydispersity and mixing, it is worth recognising that

mixtures are characterised through the use of mixing rules. Two such mixing rules

are the ”linear mixing rule” [64] and the ”quadratic mixing rule” [39; 156]. The

main differences between these two is that the former considers simple reptation,

while the latter makes use of the double reptation and entanglements concepts.

In these rules, G0
N is mainly defined by the kernel F (t,M), which describes the

relaxation behaviour of a molecular weight fraction with a molecular weight M .

Additional parameters such as β = 1 + α are used to characterise the nature

of the mixing. Overall, the main differences between the original mixing rules

and more recently defined models [76; 152; 157; 158] is the treatment given to the

kernel function. Although these models have reached a very high level of maturity,

extensive research and academic collaborative work [134; 159] is still being carried

out, to try to explain the variations of the exponential mixing parameters (e.g.

α).

Below we analyse the data for our monodisperse and polydisperse blends us-

ing REPTATE’s pDR and R-C theories, and emphasize on the traits that are

captured by each of them. The data is compared against the other more recent

models cited in the literature to try to identify any advances in rheological theo-

ries that may not be included in REPTATE’s library. The experimental data and

REPTATE predictions for monodisperse blends of systems BF/BG and BF/BH

are presented in Figures 6.9 and 6.10, respectively. The error values between the

experimental data and the theories used are compared in Table 6.5.

The tabulated errors in Table 6.5 present two interesting phenonmenon: it

appears as if the R-C theory is more suitable in the prediction of blends BI and

BJ, where PDI is ∼1.2-1.3. The pDR on the other hand, appears to yield a

lower error margin for blends BK and BL, which have higher PDIs. When having
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Figure 6.9: Master curve plots for monodisperse blends BI, BJ and BK (symbols),
plotted against REPTATE simulations using the R-C (lines) and pDR (dashed)
theories.

a closer analysis at the R-C predictions in our monodisperse blends, the the-

ory shows a good agreement at capturing the behaviour of the blends at higher
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Figure 6.10: Master curve plots for monodisperse blend BL (symbols), plotted
against REPTATE simulations using the R-C (lines) and pDR (dashed) theories.

frequencies, where the relaxation of component BF clearly dominates the dy-

namic behaviour at shorter times. The theory seems to struggle at the terminal

region, where the contribution of the higher molar mass tail becomes more domi-
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Table 6.5: Prediction error between R-C and pDR theories to experimental data
of monodisperse blends.

Material R-C theory error pDR theory error

BI 0.029 0.503
BJ 0.037 0.698
BK 0.039 0.019
BL 0.099 0.058

nant. It is interesting to compare these findings with the polydispersity study of

Leonardi [154] where he examines the models of Mead [160], Maier [161] against

his own. His results for the dynamic moduli of PS blends showed that Mead’s

model overestimated the relaxation time, while Maier underestimated the moduli

at the terminal zone. Leonardi’s model seemed to reduce these problems with

the inclusion of tube renewal. A similar level of accuracy was later reported by

Carrot [158], who builds upon the idea of a polydisperse model than includes CLF

and DTD. Our predictions for the R-C theory seem to follow a similar trend to

Mead’s model, where the relaxation of the longer chains is overestimated. In here,

it would appear as if the prediction was highly differentiated by assuming only

two contributions: the relaxation time of the short chains τS and long chains τL,

without really considering the intermediate relaxation processes that arise from

the short-long entanglements or the distribution of intermediate chain-lengths.

Since blends BI and BJ have small fractions of the higher molar mass component

(φL ≤ 0.2 wt%), it seems most of the response predicted by the R-C theory is

influenced by the relaxation behaviour of constituent BF. At the terminal region

though, the R-C simulation gives a sharper kink at the set of the relaxation con-

tribution of material BG, compared to the smooth transitioning response that

is actually experienced by the blends. In this end, the pDR seems to be more

successful, at least in the case of blends BK and BL. Here, the relaxation of

the materials seems to follow a more uniform distribution that spans from times

corresponding to BF to those reached by the BG/BH components. Watanabe

[68; 69; 70] studied extensively the effect of relaxation in binary monodisperse PS

blends as a function of varying blending percentages of the higher molar mass

component. His observations confirmed that there is a definitive shifting relax-

205



6. Rheological analysis

ation behaviour conditioned to whether the volume fraction of long chains φL was

above or below a critical value φc. He established the following arguments:

• At φL ≤ φc: the relaxation of short chains takes place first, but entan-

glements of short-long chains prevailed at long times, followed by entan-

glements of two long chains exhibiting the behaviour of a diluted solution

(long chains dissolved in short chains).

• At φL ≥ φc: the relaxation of short-long entanglements appear at inter-

mediate times followed by the relaxation of entanglements between long

chains at sufficiently long times, characteristic of concentrated solutions of

long-long chains.

These arguments clearly describe the transitioning stages that have been re-

ported for our monodisperse blends. BI and BJ are better categorised as dilute

solutions (φL ≤ φc), while BK and BL are examples of concentrated long chains

at the terminal region. It is important to recognise that in our materials even

the short chains are seen as entangled chains, they simply depict a shorter relax-

ation time compared to the longer molecules of the higher M component. This

effectively have some implications as to the degree of dilution that is actually

experienced by the system.

Nowadays, the observations made by Watanabe have been further explained

using the concepts of CR, CLF, and DTD. As mentioned earlier in sections 2.5.1,

and 5.6, the DTD theory serves to account for the effect that comes from an

accelerated motion of short chains which consequently speeds up long chain re-

laxation by means of a diluted tube. This affects mainly the relaxation time of

the long component in binary blends with widely separated molecular weights.

Depending on the degree of entangling of the short chains, a partial or full di-

lation effect can be accounted for [135; 162]. What this means, is that when

short chains are below the entanglement requirement (e.g. ≤ 2Me for PS) they

act as a solvent and hence full DTD is assumed. Yet for short chains that are

entangled (≥ 2Me), partial DTD occurs, and the relaxation of the long chains

includes a delay representative of an internal equilibration time of long-long seg-

ments. Van Ruymbeke [135] terms this an CR-activated fluctuation (CR-CLF),
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which describes the tension re-equilibration process undergone by the long chains

inside a tube that dilates to the rhythm set by the release/re-formation of the

short-long entanglements that define the tube constraints. The application of a

refined version of these theories has more recently been tested by Shahid [8] in

diluted PS systems. In the next section (6.5.2.2), we aim at comparing the R-C

and pDR simulations performed in our polydisperse blends.

6.5.2.2 Polydisperse blends

REPTATE’s pDR and R-C theories were applied to the LVE data of our poly-

disperse blends, the results of the solution blended and melt mixed samples are

presented in Figures 6.11 and 6.12. The accompanying error data is displayed in

Table 6.6.

Table 6.6: Prediction error between R-C and pDR theories to experimental data
of polydisperse blends.

Material R-C theory error pDR theory error

CAsb 0.577 0.081
CAmm 0.637 0.409
CBsb 0.389 0.089

CBmm 1.029 0.224
CCsb 0.549 0.040

CCmm 1.892 0.259
CDsb 0.477 0.047

CDmm 1.129 0.042

There is a quantifiable improved accuracy in the simulations using the pDR

theory over the R-C model in all the polydisperse blends, regardless of the blend-

ing procedure used. These results are as expected, since the relaxation of the

R-C is very polarised as accounted by the Mw1 and Mw2 contributions of the

constituent materials; and this does not really considers a wider distribution of

relaxation times associated with a range of φ(M). Hence, this shows that the R-C

theory deems inadequate at capturing such a high level of segmented polydisper-

sity. In the pDR theory, as observed for the monodisperse blends, the simulation

provides a smoother curve compared to the R-C theory. This has been attributed
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Figure 6.11: Master curve plots for solution blended polydisperse blends (sym-
bols), plotted against REPTATE simulations using the R-C (lines) and pDR
(dashed) theories.

to the effect of polydispersity as noted by [6; 163], where the scaling of G′ ∼ ω2

and G” ∼ ω is no longer obeyed. An additional observation is the clear exis-
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Figure 6.12: Master curve plots for melt-mixed polydisperse blends (symbols),
plotted against REPTATE simulations using the R-C (lines) and pDR (dashed)
theories.

tence of a ”kink” or ”double-plateau” identified in the predicted R-C response,

as this represent the transitional relaxation behaviour from Mw1 to Mw2. This
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lack of identifiable transitional relaxation plateaus is a distinctive feature that

differentiates the shape in the curves of binary monodisperse blends, compared

to binary blends of polydisperse constituents. At intermediate frequencies, it is

possible to see the appearance of a plateau modulus as the addition of compo-

nent BY is increased. Van Ruymbeke [6] describes the plateau modulus to be

the ”signature of entanglements”; due to the large unentangled fractions that

conform the polydisperse blends hereby presented, the evidence of a plateau can

only be seen to become more noticeable as the addition of the higher molar mass

component is increased. In [158], Carrot notes that the relaxation times for the

shorter chain species in systems of multiple chain lengths are unchanged what-

ever the composition, but the relaxation time of the long chains is significantly

shortened especially when the amount of short chains is increased. Auhl and co-

authors [164] examined the effect of blending an unentangled polyisoprene (PI),

Mw = 2.4 kg/mol, with a higher molar mass component, Mw = 1131 kg/mol,

and the shape of the oscillatory data reported for the unentangled sample is in

agreement with the absence of a plateau observed in the shape of our constituent

material BX. Also, in their studies of rheological properties of carefully synthe-

sized narrow distributions for a range of polystyrenes, Onogi et al. [165] present

G′ data that resembles the transition of unentangled systems (Mw = 8.9 kg/mol)

to highly entangled polymers (Mw = 581 kg/mol) in agreement with our reported

data. Finally, at the high frequency region the behaviour of all blends is observed

to be similar; this indicates that the effect of polydispersity is attenuated due to

the dominance of Rouse process in this region, as suggested in [163].

The quality of the prediction for the available theories to be used in the

treatment of polydisperse systems applied in our polydisperse blends do not seem

to reach the low error margins reported for all the other polymers described in

the precedent sections. The most interesting remark about the presented sets of

data is the fact that such unentangled systems may lie outside the boundaries

established for the treatment of most of these models. In fact, in the cited Carrot’s

study [158] for modelling the LVE of a polydisperse PS, the kernel function to

treat polydispersity is assumed to be derived from defined Me and Mc values,

where c is the polymer concentration in a polymer solution. If this were to be the

case, a considerable amount of fractions that rule the behaviour of these blends
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will be lying below the Me limit, and therefore omitted when simulating the flow

behaviour.

The LVE data of the materials studied here has hinted at differences between

the treatment in the current available models to tackle molar mass contributions

and the effect of polydispersity in rheological theories. In the upcoming sec-

tion 6.6, NLVE behaviour will be analysed with the treatment of transient and

extensional data.

6.6 Non-linear Viscoelasticity

Rheological measurements were performed in transient mode at a single tempera-

ture of T =170 ◦C, and different strain rates, γ̇, ranging from γ̇=0.003 s−1-10 s−1.

Extensional rheology was performed with a Sentmanat fixture of a double

barrel rotating system at a single temperature of T =170 ◦C. The materials

were drawn at different shear rates, ranging from 0.01 s−1 to 10 s−1. Strips of

20 mm x 3 mm x 3 mm of heated press discs were cut with the laser in preparation

for the test. The chamber was set at 170 ◦C, and the strip of polymer was placed

in the distance between the barrels and held in place with the aid of mechanical

inserts that trapped the sample against the hot surface of the cylinders. The

specimen was left to rest inside the chamber for a period of 60 s before starting

the shear sequence.

To facilitate a preliminary discussion, the results of both transient and exten-

sional measurements are presented in a single graph following the convention of

recently published literature [9; 10]. This representation allows to have a visual

overlook of the stress-softening and stress-hardening processes that come with

the corresponding relaxation and orientation mechanisms experienced by poly-

mers during steady shear (i.e. transient shear tests) and uniaxial elongation (e.g.

extensional tests), respectively. The data presented in these graphs shows the

Linear Viscoelastic Envelope, LVE, as a thick black line. Following the theory of

linear viscoelasticity the linear envelope can be calculated through the following

expression using REPTATE[102]:
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Glinear(t) = AdjustG0 ∗
Nmodes∑
i=0

Gi ∗ τi
(

1− exp
(
− t

τi

))
(6.5)

where Gi and τi refer to the modulus and relaxation time corresponding to in-

dividual Maxwell modes fitted on the LVE mastercurves data. In this study 10

Maxwell modes were used to fit each one of the analysed materials. AdjustG0 is

a parameter introduced by REPTATE for fitting experimental non-linear rheo-

logical data. The Maxwell modes were obtained using a specific module in REP-

TATE. In Figure 6.13, we present the Maxwell modes’ predictions as obtained

when fitting the nodes to the LVE mastercurve of material BH, to illustrate the

applied procedure.

The transient and extensional experimental data have been split into sections,

by classifying the materials in accordance to their level of polydispersity, following

the format used in chapter 4 on page 105 and chapter 5 on page 139.

6.6.1 Monodisperse materials

The transient and extensional data of materials BF, BG and BH is presented in

Figures 6.14 to 6.16.

The first thing to highlight in the reported plots is the disagreement of our

extensional data with regards to the LVE envelope by approximation of a Trouton

ratio of 3, as per the established theory [27; 166]. In fact, this is true for all the

extensional data for our analysed materials. Although the authors acknowledge

that the quality of these results may preclude a conclusive analysis of the data,

it feels valuable to report this as it introduces new opportunities for widening

and refining the research initiated here. The rather odd extensional response

documented here is attributed to difficulties in the adjustment of the SER fixture

in the rheometer. Unfortunately, due to experimental time-constraints and a

delay in the inspection of the adjustable feature by the service provider, it was

impossible to re-run the tests.

Categorically, the extensional behaviour of monodisperse materials has been
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Figure 6.13: Ten Maxwell modes (filled diamonds) are fitted to the mastercurve
of material BH at 170 ◦C. The obtained predictions are shown with continuous
black lines, while the experimental data is presented with blank symbols.

reported to follow the linear viscoelastic envelope at low strain rates, while at

high strain rates it transitions to a nonlinear behaviour [167]. The data suggests

that this behaviour is observed in the extensional response of materials BG and

BH. Even if the extensional data is seen to be shifted above the determined linear

envelope, and the exposed equipment difficulties may prelude a more conclusive

statement, a qualitative analysis of the obtained data will be carried, and this

will aim at being interpreted under the fundamentals of how chain alignment and

stretching occur in non-linear rheology.

In the analysis of transient data of monodisperse materials, the expected be-

haviour as previously documented by other authors [168], is the following: at

small strain rates (γ̇τd <1) the response is linear, in agreement with the de

Gennes reptation model [62; 169]; at slightly larger strain rates (γ̇τd >1), the
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Figure 6.14: Extensional and transient shear viscosity for material BF. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

behaviour follows the constitutive equation of Doi and Edwards [63]. Yet, at

even higher strain rates, where the Doi theory seems to fail, the mechanisms of

chain stretch, CR, and convective constraint release, CCR, have been introduced

to improve the description of transient rheological experimental data (chrono-

logically by Pearson [168], Mead [170] and Likhtman-Graham [9; 79]). Chain

stretch occurs as the chains are seen to elongate when flows are faster than the

reciprocal Rouse time τR [171]. CCR describes the process by which a chain end

passes through a particular region of the polymer network releasing the contri-

bution to the entanglement constraints on its surrounding molecules. Constraint

release events are seen to increase in proportion with the strain rate providing

an orientational relaxation mechanism, counteracting the aligning effect of shear

flow and reducing the predicted stress maximum [172].
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Figure 6.15: Extensional and transient shear viscosity for material BG. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

The shear rheology of material BF appears to be in the linear response. This is

expected as the reptation time of the material is calculated at 0.17 s, which means

that the shear rates are slower than the reciprocal τd. The same sort of behaviour

will be expected in extension, which suggests that the apparent strain hardening

that is observed is a result of the aforementioned experimental difficulties, and

the data is not conclusive.

For material BG and BH, in Figures 6.15 and 6.16 respectively, it appears

that the materials to deviate from linearity at higher strain rates, particularly

material BH where this effect is evident even at a rate of 3 s−1, as the resistance

to stretching rises with increasing molar mass. The shear rheology of material

BG shows shear thinning at rates above 0.1 s−1, consistent with a reptation time

in the order of 10 s, not far from the reported 7.7 s for this material. In the exten-
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Figure 6.16: Extensional and transient shear viscosity for material BH. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

sional data, the applied flow rates show no transient overshoot, which suggests

weak alignment and no-chain stretching, again consistent with the timescale of

the observed reptation and Rouse times. For material BH, the apparent shear

thinning that occurs at a rate of 0.01 s−1 is expected to occur for a reptation time

of about 100 s, in proximity to the observed 85 s for this material. At 0.1 s−1,

the appearance of a weak overshoot suggest alignment but not stretching which

occurs at the observed τR and τd timescales. The extensional data in Figure 6.16

suggests that at fast shear rates (3 and 10 s−1), the material depicts strain hard-

ening consistent with its Rouse time. In rates of 0.1 and 0.3 s−1, these are greater

than 1/τd, but smaller than 1/τR, hence it is expected the chains will orient, but

not stretch characteristic of the shear thinning effect. Another plausible expla-

nation is the onset of extension thinning as a result of samples breaking [173],
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which was the case for these samples.

In all three materials studied here, as the strain rates become higher, it is pos-

sible to observe the deviations from linearity and relaxation mechanisms reported

in the cited literature. Similarly, as the monodisperse materials increase in molar

mass (transition from BF to BH), the effect of relaxation becomes more notice-

able at smaller strain rates, i.e. non linearity starts to appear even at 0.01 s−1 in

material BH compared to material BG.

6.6.2 Polydisperse materials

Unfortunately due to the inherent high brittleness of material BX it was impos-

sible to prepare specimens of good enough quality for extensional testing. Hence

the data provided here for this material is solely for transient experiments. The

transient and extensional data of materials BX and BY is presented in Figures

6.17 and 6.18.

With the recognition of the noise and limited information that can be ex-

tracted from the extensional data of material BY, it is possible to see strain-

hardening particularly at higher strain rates (3 s−1 and 10 s−1). In their study of

the effect of polydispersity in the extensional behaviour of entangled polymers,

Ye et al. [163] compare the shear extensional behaviour of a 18-monodisperse-

components polystyrene blend against the rheological behaviour of a monodis-

perse PS material with a similar reported Mw. The results show that the polydis-

perse blend, reported higher extensional viscosity values, at two different applied

strain rates (1 s−1 and 0.1 s−1). The observation is that the onset of extension

hardening in the polydisperse blend is a result of the high molecular weight com-

ponents, where different polymer chains contribute at different time scales. By

comparing the data reported for material BH (Mw = 540 kg/mol) against that

for material BY (Mw = 339 kg/mol), a similar observation can be made. Despite

the fact that BH has a higher Mw than BY, the extensional viscosity of the latter

is seen to increase as much as a factor of 5 at the same applied strain rate (e.g.

0.1 s−1).

The transient data for materials BX and BY show some distinct differences.

The most notable observation is the lack of a strain-softening behaviour in spec-
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Figure 6.17: Transient shear viscosity for material BX. The linear envelope is
presented as a continuous black line. The applied shear rate is indicated alongside
corresponding data.

imen BX, regardless of the increase in the applied strain rate. It is important

to recognise that the tube model and its derived theories rely on the capacity

of polymer molecules to entangle and disentangle through motion within their

tubes to explain the observed experimental mechanisms of stretching, orientation

and relaxation experienced by the polymer network under applied stimuli. The

inherently low viscosity values (in the order of 101) of material BX keep fairly

constant at different strain rates suggesting that the chain stretch and convec-

tive constraint release mechanisms that serve to characterise the stress-overshoots

and consequent shear thinning of the steady shear response, are not present in

the experimental behaviour of this material. Particularly in the ROLIEPOLY

model of Likhtman and Graham [79], and later refined GLaMM model [9], one

of the universal parameters used in the prediction of transient and extensional

218



6. Rheological analysis

Figure 6.18: Extensional and transient shear viscosity for material BY. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

data is Me, which lies above 65 wt% of the molar mass unentangled fractions that

constitute the molar mass distribution of polydisperse material BX. Although in

reality one can argue that this polymer is inherently brittle to produce any sort

of end-product, it must be acknowledged that this is a readily available commer-

cial material, and most likely it is used as a blending polymer for fine-tuning

manufacturing processes. The relevance of the data hereby reported, is to pro-

vide a picture into how such a complex, bimodal polydisperse distribution with

a high content of unentangled fractions exerts a dominant effect in the rheolog-

ical behaviour of this polymeric system, and it shows how the relaxation of the

majority of the unentangled short chains overshadow the presence of the remain-

ing long chains (∼35 wt%). In fact, the high degree of unentangled fractions,

act as a dilutant on the longer chains, rendering the material unable to depict
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the characteristics of an entangled system as described by the latest rheological

theories.

In contrast, the response of material BY, follows the very characteristic steady

shear response that has been previously modelled for linear PS melts; where

as the response deviates from linearity the chain stretch mechanism produces

the stress-overshoots, followed by a CCR and CLF mechanisms that cause the

characteristic shear thinning. Most recently, other authors [174; 175] have used

organic molecules (e.g. DNA) to suggest that the shear thinning seen in the

steady flow behaviour of polyethelyene and polystyrene melts, respectively, can be

further improved by considering a tumbling effect. Their findings are supported

by non equilibrium molecular dynamic simulations, NEMD, and suggest that

as the molecules tumble at high strain rates, the stretch experienced by the

molecule is reduced through the tumbling function φ(t). The authors believe

that considering a tumbling effect improves the quality of the simulation for non-

linear steady flows, as it works in conjunction with the CCR contribution.

6.6.3 Monodisperse blends

The transient and extensional data of monodisperse blends BI-BL is presented in

Figures 6.19 to 6.22.

As acknowledged, the noise in the extensional data of the blends hinders

definitive arguments. Yet, relying on the information that can be drawn from

the presented plots the following observations can be made: a) strain harden-

ing is observed in all blends at all strain rates, regardless of their molar mass

and blending ratios; b) as the strain rate is increased, a more accentuated and

earlier deviation is observed from the LVE envelope; and finally, c) even though

prior studies [164] have predicted that stretch relaxation times can be enhanced

upon blending, the noise in the data prevents from making this type of definitive

conclusions.

In recent years, the focus of polymer physics has shifted to explain the differ-

ences observed in the non-linear behaviour between polymers melts (e.g. narrowly

distributed, monodisperse systems), and polymer solutions (e.g. polymer melts

that are diluted using unentangled systems, i.e. oligomers). Particular interest
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Figure 6.19: Extensional and transient shear viscosity for material BI. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

has arisen in determining why when subjected to uniaxial elongations, polymer

melts behave differently than their solutions even when having the same number of

entanglements. In this area, the work of Huang and co-workers [111; 151; 176; 177]

has provided a bulk of experimental data to evidence and interpret these differ-

ences. The authors take the premise that if two polymer systems share the same

number of entanglements, Z, their rheological responses are expected to show

a similar trend. To validate this argument they have produced a series of ”di-

luted” systems by combining narrowly dispersed PS materials, 285 kg/mol and

545 kg/mol (i.e. monodisperse samples, such as per this research), with their

oligomers (e.g. 972 g/mol to 4290 g/mol) to produce solutions synthesised using

a similar solution blending method as the one followed in this study. Their results

showed that in the linear viscoelastic response, the mastercurves of both the melts
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Figure 6.20: Extensional and transient shear viscosity for material BJ. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

and solutions overlap nicely, confirming the good applicability and universality

of the tube theory. In the non-linear response characterised by the extensional

viscosity the authors found that at low strain rates, both melts and solutions be-

have linearly following the LVE envelope, but at higher strain rates a recognisable

increase in the strain hardening of the solutions was identified. The authors at-

tribute this to two effects: 1) an increase in the strain hardening with the number

of Kuhn steps per entanglement (Ne); and 2) the sensibility of finite extensibility,

λmax to the effect of dilution, as in principle, a polymer chain can be stretched

more in a diluted environment than a concentrated one.

If the data for the studied monodisperse blends was to be analysed in a similar

format to that followed by Huang et al., it would be convenient to compare the

responses of monodisperse material BG (Z = 16.97), with blends BK (Z = 12.08)
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Figure 6.21: Extensional and transient shear viscosity for material BK. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

and BL (Z = 12.02). From Figures 6.15, 6.21 and 6.22, a noticeable increase in

the extensional viscosity is reported for the blends compared to the monodisperse

material at the same strain rate. Similarly, when comparing the strain hardening

response of blend BK against that of blend BL, is possible to note the pattern

observed by Huang et al., where the strain hardening effect was seen to be more

pronounced in the blend with a lower oligomer concentration. In agreement to

the reported behaviour of blends BK (50 wt%), and BL (20 wt%), where the latter

depicts slightly higher values of extensional viscosity at the same times and strain

rates, possibly a contribution of the longer chains of component BH, in addition

to the quoted finite extensibility effects.

One observable feature of the transient data in the plots of the reported

monodisperse blends is the shape of the linear envelope. In comparison to the
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Figure 6.22: Extensional and transient shear viscosity for material BL. The lin-
ear envelope is presented as a continuous black line. The applied shear rate is
indicated alongside corresponding data.

smooth linear and then transitioning plateau of the monodisperse materials, the

envelope of the blends is seen to have two smooth, yet identifiable transitioning

peaks. These are an evidence of the contributions in the relaxation scale of short

and long molecules of the constituent components. To facilitate the analysis, fig-

ures 6.23 and 6.24 have been created, where the transient data of the constituent

materials is presented in conjunction with that of their resulting blends at specific

strain rates (0.1 s−1-0.3 s1).

These figures provide a better insight as to the transitioning behaviour and

blending effects, namely: increasing molar mass and polydispersity. In both

graphs, as expected, the viscosity is seen to increase with the addition of higher

molar mass component. Yet, when the effect of the applied strain rate is taken

into consideration it is possible to see that all blends present an earlier onset of
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Figure 6.23: Comparative transient data at 170 ◦C for blends of materials BF
and BG at varying strain rates: (a) 0.01 s−1; (b) 0.03 s−1; and (c) 0.3 s−1. Linear
envelopes are shown as continuous lines, while data is presented as symbols.
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Figure 6.24: Comparative transient data at 170 ◦C for the blend of materials BF
and BH at varying strain rates: (a) 0.01 s−1; (b) 0.03 s−1; and (c) 0.1 s−1. Linear
envelopes are shown as continuous lines, while data is presented as symbols.
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non linearity, even at the lowest examined strain rate of 0.01 s−1. The attributable

mechanisms behind this (i.e. chain stretch and CCR) were discussed earlier in the

transient data of the monodisperse materials in section 6.6.1. Yet, in this section,

the differences of how these mechanisms are experienced within the entangled

networks of monodisperse specimens and monodisperse binary blends, can be

explained by understanding the relaxation threshold limits at which they are

triggered. Read [172] suggests that in chain stretch, when the melt experiences

deformation two main features define the onset of this mechanism: a) the first is

the orientation of the tube; and b) the second is the point at which the chains

become stretched based on the length scales associated around the tube diameter.

For binary blends two timescales are triggered within the deformation process, one

for the short molecules, i.e. S, and another one for the longer chains, i.e. L. Both

these molecules will orient at different timescales, and will mutually influence

the onset of the CCR mechanism as the increase in chain ends, resulting from

a dominant majority of short chains within the matrix, speeds the relaxation

time of the long molecules. This description serves to explain the appearance

of an earlier and broader non-linear behaviour in the stress-undershoots of the

reported experimental transient data. In the next section, it is compared how this

transitioning behaviour is experienced in polydisperse blends where relaxation is

an spectrum of an increasing contribution of short to long interacting molecules.

6.6.4 Polydisperse blends

The transient and extensional data of polydisperse blends CA-CD is presented in

Figures 6.25-6.28. Bear in mind the data of both solution blended and melt-mixed

samples has been concentrated into one single graph with the use of captions.

As it has been mentioned in the exploration of current rheological trends for

interpreting extensional data (i.e. section 6.6.3); a system can be considered di-

luted when the component added into an entangled polymer network is uncapable

of producing entanglements. Viovy et al.[178] confirm that the tube only dilates

when the constraints are below the entanglement molecular weight, Me, following

DTD theory.

In accordance to the format used for the bimodal monodisperse blends, the
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Figure 6.25: Transient shear viscosity for material CA; plots of: (a) solution
blended and (b) melt-mixed samples have been identified with the corresponding
subscripts (−sb and −mm). The linear envelope is presented as a continuous black
line. The applied shear rate is indicated alongside corresponding data.
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Figure 6.26: Transient shear viscosity for material CB; plots of: (a) solution
blended and (b) melt-mixed samples have been identified with the corresponding
subscripts (−sb and −mm). The linear envelope is presented as a continuous black
line. The applied shear rate is indicated alongside corresponding data.
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Figure 6.27: Extensional and transient shear viscosity for material CC; plots of:
(a) solution blended and (b) melt-mixed samples have been identified with the
corresponding subscripts (−sb and −mm). The linear envelope is presented as a
continuous black line. The applied shear rate is indicated alongside corresponding
data.

230



6. Rheological analysis

Figure 6.28: Extensional and transient shear viscosity for material CD; plots of:
(a) solution blended and (b) melt-mixed samples have been identified with the
corresponding subscripts (−sb and −mm). The linear envelope is presented as a
continuous black line. The applied shear rate is indicated alongside corresponding
data.
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transient data of the studied polydisperse blends is plotted in figures 6.29 and

6.30 transitioning from increasing content of BY at three specific strain rates

(0.03 s−1-1 s−1).

One feature which was omitted by the settings in the time axis of the in-

dividual graphs for the studied polydisperse blends (6.25-6.28) is the apparent

noise at very low frequencies that is similarly found in material BX. This effect

is further decreased as the systems become capable of imposing some resistance

to flow which manifests faster at higher strain rates. Figure 6.30 shows that in

agreement with the higher amount of lower molar mass fractions found in the

SEC distributions of the samples obtained through melt-mixing, these blends de-

pict a closer behaviour to the large scattering observed at lower frequencies for

material BX. The rather ”flat” response observed for the blends CA-CC (regard-

less of the blending procedure used) evidences the high fraction of unentangled

chains that compose the system; and it follows on the observation made for ma-

terial BX, where the polymer network is uncapable of manifesting the entangling

mechanisms that give rise to the characteristic stress overshoot followed by shear

thinning present in the data of the monodisperse materials, monodisperse blends

and polydisperse material BY. This observation keeps valid regardless of the fact

that an increase in viscosity is measured as the addition of the higher molar mass

component is incremented. Interestingly enough, as soon as the blending ratio

reaches a 50 wt% contribution of the BY component, the described features for

the onset of chain stretch and CCR become fully noticeable, particularly in the

blend obtained through a solution blending procedure.

To the authors knowledge, although this behaviour has been previously stud-

ied in diluted systems of monodisperse PS materials (refer to section 6.6.3), there

are currently no published data that consider a dilution effect coupled with an in-

crease in polydispersity. Hence, the data provided in this section should promote

an interesting platform for the testing, widening and enhancement of rheological

physical models.
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Figure 6.29: Comparative transient data at 170 ◦C for the solution blends of
materials BX and BY at varying strain rates: (a) 0.03 s−1; (b) 0.1 s−1; and (c)
1 s−1. Linear envelopes are shown as continuous lines, while data is presented as
symbols.

233



6. Rheological analysis

Figure 6.30: Comparative transient data at 170 ◦C for the melt-mixed blends of
materials BX and BY at varying strain rates: (a) 0.03 s−1; (b) 0.1 s−1; and (c)
1 s−1. Linear envelopes are shown as continuous lines, while data is presented as
symbols.
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6.7 Conclusions

Latest rheological models and theories have been used to interpret the experi-

mental findings obtained through: oscillatory, transient and extensional tests.

LVE data of the studied materials was analysed by fitting of rheological models

available in the REPTATE software toolkit. LVE materials parameters were

obtained by fitting the L-M theory to the mastercurves of monodisperse materials

BF-BH to define: Me, Ge and τe. These parameters were input to obtain the

mastercurves of the remaining materials. The mastercurves of the polydisperse

materials BX and BY, as well as the monodisperse and polydisperse blends were

examined by best-fitting the available rheological LVE theories: Rubinstein and

Colby, R-C, for binary blends, and the polydispersity double-reptation theory,

pDR, for highly polydisperse systems. As expected the R-C theory was found to

be better suited to describe the LVE behaviour of the monodisperse blends, whilst

the pDR theory showed a closer fit to the behaviour of the analysed polydisperse

materials. Nevertheless, both theories deemed ineffective at fully capturing the

experimental observations of the highly polydisperse blends (BX, and blends CA-

CD). Effectively, the treatment in itself for processing the mastercurve of these

systems included a horizontal shift factor correction in the data to consider the

free end effect of Tg of the shorter molecules (e.g. lower molar mass fractions).

In all, the transitioning of the data from monodisperse materials up to highly

polydisperse blends with vast fractions of unentangled chains was able to reflect

on the previously documented characteristics of polydispersity and the onset of

entanglements, such as the deviations of the G′ and G” slopes at the terminal

region, and the identification of a steady, or double-stepped plateau as the systems

increase the content of higher molar mass fractions.

To study the non-linear viscoelasticity of the analysed materials, the results

of transient and extensional tests were treated phenomenologically by comparing

the reported data with recently published literature [111; 151; 166; 167; 175; 176].

Experimental constraints and mechanical complications with the SER fixture

used for the extensional tests hindered the quality of the reported results, and

thus the observations included in this treaty will benefit from subsequent re-runs

to confirm the veracity of these arguments. The overall observed trend in the
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extensional response of the studied materials was that as the elongation strain

rate was increased, earlier deviations from the linear envelope were detected;

manifested through the characteristic stress overshoots, i.e. strain hardening

behaviour. At the same strain rate, higher viscosity values were reported for the

blends compared to monodisperse materials. This phenomenon was attributed

to an increase in the effective stretch relaxation of the long chains as these are

diluted by short chains [179].

Transient tests confirmed stress peaks followed by a shear thinning behaviour

in compliance to what has been reported elsewhere [9; 79; 164]. The quality of

these responses was seen to vary with respect to molar mass and strain rate. For

a higher molar mass, deviations from linearity were seen to appear at lower strain

rates. Similarly, at systems with higher Mw values, corresponding increases in

the reported η were documented. In highly untentangled systems (BX, CA-CC),

evidence of the chain stretch or CCR mechanisms could not be clearly identified.

This outcome challenges the entangling dynamics that build the predictive success

of current rheological models, and provide novel experimental data that could

serve to provide some scientific grounds to the complexity of modelling diluted

polymer systems with high levels of inherent polydispersity.
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Chapter 7

Conclusions

7.1 Prelude

The subject of this thesis was to provide novel experimental evidence upon the

manifestations and consequences of molar mass and molar mass distribution in

the solid-state, i.e. crazing and birefringence, and melt-state, i.e. rheological

behaviour, of glassy polymers using PS as a case study. The influence of blending

inherently polydisperse commercial polymers of high molar mass, with materials

with high degrees of unentangled fractions has led the focus of this work. Physical

polymer theories, mainly constituted upon the concept of entanglements have

been scrutinised to interpret the experimental data.

In this chapter, a summary of the most relevant contributions of this work is

provided, under the following structure: first, the key findings outlined in each

of the individual chapters presented in the main body of this thesis is provided

in section 7.2. This is followed by a summary on the outcomes of this research

in section 7.3. The chapter concludes with brief account of the recommendations

for future work in section 7.4.

7.2 Key findings

The main findings of this work as described in the main body of this thesis are

as follows:
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7.2.1 Molar Mass Analysis

• An accountable larger fraction of lower molar mass species seen in the poly-

disperse blends produced using a melt-mixing approach, determined that

this process introduces the risk of polymer thermal degradation that is ac-

celerated at chain ends.

• SEC evidence also concluded that the polydisperse blends synthesised using

a solution-blending procedure contained a lower than expected amount of

low molar mass species, ocurring as a result of oligomer evaporation during

the filtration and precipitation stages.

• Theoretical simulation of an ’ideal’ blend at the studied weight ratios, cor-

roborated that the obtained melt-mixing and solution-blending samples

were over and under predicted, respectively.

• Further calorimetric evidence proved that in the case of the melt-mixed

blends Tg was 4 ◦C below the Tg measured for the lower molar mass com-

ponent BX. Similarly, in the solution-blending samples, Tg was seen to be

above that of BX in all cases.

• Is worth noticing that the models explored for blending and Tg simula-

tions had a much improved predictive accuracy in blends of monodisperse

materials, where polydispersity remains low (PDI<2).

7.2.2 Crazing Analysis

• An isochronal three point creep bending technique for miniature specimens

was used to produce novel craze initiation stress data of extremely brittle

polydisperse blends.

• The CIS was seen to increase as a function of adding a wt% of a higher molar

mass component, in both: monodisperse and polydisperse bimodal blends.

Even as little as 10wt% addition, would increase the CIS by an order of

1.5 MPa, substantially improving the ability to undergo craze formation.
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• Following the evidence of the SEC and DSC data, the CIS of the solution-

blending samples was found to be higher (in the order of 2 to 7 MPa),

compared to the blends obtained through a melt-mixing process.

• A piecewise linear model for the determination of molar mass limits in craze

initiation stress was modified to account for a DTD effect that describes the

dilution of the tube as a result of the unentangled fractions in the molar

mass distribution, which decrease the ability of longer chains to sustain

crazing, thus reducing CIS.

• The experimental data of the polydisperse blends was used to validate the

new termed hybrid CIS-DTD model, positively accounting for a much im-

proved predictive capability of CIS in highly polydisperse systems (70%-

90% accuracy), whilst rendering equally suitable for the prediction of CIS

in monodisperse materials of moderate dispersity levels.

• The effect of orientation was studied in monodisperse materials and their

corresponding blends by measuring birefringence in drawn specimens, com-

bined with isochronal three point creep tests. The results confirmed that

it is orientation that controls the rise in crazing stress over molar mass, at

least at the linear limits of the stress-optical rule.

7.2.3 Rheological Analysis

• In the analysis of LVE data, the theory of bimodal blends of Rubinstein and

Colby was seen to yield a better simulation for the bimodal monodisperse

blends, whereas the double-reptation theory was better suited to model

broad polydisperse blends.

• In the treatment of the oscillatory shear data of the polydisperse blends,

it was necessary to use a modified shift factor for the WLF for very short

chains that considers the dependence of Tg described by a 1/Mn relation-

ship.

• Experimental complications arising from the extensional fixture precluded

more conclusive arguments on the data. Yet, a qualitative analysis of the
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tests was able to expose evidence of strain hardening in higher molar mass

materials (e.g. BH and BY) at high strain rates (i.e. 3 s−1 and 10 s−1)

characteristic of chain stretching occurring in the materials at the observed

relaxation time.

• The effect of polydispersity in the extensional data was manifested as in-

creased extensional viscosity values (i.e. a factor of 5) for a polydisperse

material compared to a monodisperse material of similar Mw. This comes

as a result of high molecular weight components in the distribution con-

tributing to the strain hardening process at different time scales.

• The rheological behaviour in transient shear of the monodisperse and poly-

disperse blends showed a progressively increasing shear thinning effect as

the addition of the higher molar mass component was increased. This was

seen to induce stretching effects on the molecules as the strain rates become

faster than the observed relaxation timescale.

• The transient shear of the polydisperse blends was dominated by a linear

response of the contribution of constituent material BX. Nevertheless, weak

shear-thinning was observed, consistent with the contribution of the long

molecules from material BY stretching, but being screened by the matrix

of short chains from BX.

7.3 Summary

The polystyrene systems investigated in this thesis have come from a variety

of sources covering both: a) analysis of highly monodisperse materials that are

mainly used experimentally for theory validation, and b) readily available com-

mercial polymers with various levels of polydispersity. The differences in the

molar mass and molar mass distributions of all these systems offer a very wide

spectrum of mechanical, and rheological properties that have served to charac-

terise PS as a commodity polymer suitable for a broad range of applications (from

kitchenware to IT equipment). Although PS is a material that has been studied

for decades, the methodology of research appears to have tackled specific aspects
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of polymer dynamics at any one time. Building a network of fundamental polymer

physical concepts that have been progressively validated using experimental evi-

dence as novel instrumentation and characterisation techniques become available.

Perhaps one of the less conclusive topics on this stream of research has been the

goal to parameterise molar mass and molar mass distribution characteristics into

the core constitutive equations for polymer theories. The availability of securing

a portofolio of 18 inherently different molar mass PS systems has provided this

study with the resources to explore these theories, and where possible improve

them based on novel experimental data. In addition, the actual blending and

synthesis of some the blends was conducted in close similarity to the methods fol-

lowed by polymer processers and manufacturers in an attempt to evaluate if such

processes are seen to have any bilateral effects in the molar mass characteristics

of the obtained systems.

Because the materials used came from different sources, it was necessary to

obtain the information on their molar mass and molar mass distributions through

chromatographic and calorimetry analyses, as detailed in chapters 3 and 4. The

latter highlighted the differences in the composition of the molar mass distri-

butions, whilst enabling the calculation of relevant molar mass information (i.e.

Mn, Mw, PDI) for all the studied materials. One of the outstanding findings in

this aspect, was the recognition of quantifiable differences in the molar mass av-

erages and distributions observed in polydisperse blends produced with the same

blending ratios, but different synthesising procedures. A lower molar mass tail of

an increased amount of unentangled fractions was found in the blends produced

through melt-mixing using an extruder. Whilst, the opposite was observed with

blends produced through solution mixing in THF, and precipitation in methanol.

The differences observed in the chromatographic results were supported by calori-

metric data, that showed a reduced Tg (of -4 ◦C) in the melt-mixed samples when

compared to their dominant polymer base constituent (BX). On the contrary,

the solution blended samples were seen to be in excess of ∼13 ◦C when compared

to their main polymer matrix. The mechanism behind the lower mass tail of

the melt-mixed was found to be polymer degradation. Thermal inputs over a

prolonged time are seen to accelerate polymer degradation as the presence of

unsaturated chain ends downgrade by chain scission into oligomers. Conversely,
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oligomer evaporation during the filtration and precipitation stages was deter-

mined as the cause for the solution blended samples to lose the weight fractions

characteristic of the lower end of their molar mass distribution.

Chapter 5 analysed the craze initiation process of the studied materials,

through the application of an isochronal three point creep bending technique

developed for bulk miniature specimens. A piecewise linear model exclusively

developed for monodisperse systems was used to initially analyse the CIS of the

monodisperse materials and their blends. As expected, an increase of as litte as 10

wt% of the higher molar mass component in the blends was seen to rise the value

of the experimentally measured CIS by ∼1.5 MPa. A constitutive equation for the

determination of φθ(M), namely the molar mass fraction parameter as a function

of θ, the latter defined as the power law molar mass parameter, was derived from

fundamental equations for the calculation of molar mass averages. The main con-

tribution of θ is that it provides a numerical constant that can be associated with

all the molar mass fractions that constitute a polymer distribution. φθ(M) was

implemented into an expression for σc to derive a constitutive equation capable of

quantifying the contributions into the craze initiation stress of individual weight

fractions from the experimentally obtained molar mass distributions (equation

5.4). To identify the most suitable value of θ two methods were explored: a

root-mean-square error fitting on the data, and a Monte Carlo simulation. Since

the latter offers probability certainty, a 90% CI at θ = 2.59 was determined to

run the calculations. These results showed that although the piecewise linear

model was accurate at determining the CIS of the monodisperse materials and

polydisperse systems with moderate polydispersity levels (PDI≤ 3), this deemed

ineffective at predicting the experimentally measured σc of the highly unentangled

polydisperse materials BX, and blends CA-CD. To improve the model, the ideas

of dynamic tube dilution, DTD, were integrated into the expression for σc. DTD

suggests that as the tube dilutes, the molar mass between two entanglements

becomes larger, thus decreasing the number of entanglements from Z to Z ′, the

effective number of entanglements. By considering this effect, it was possible to

modify the original equation of σc (equation 5.4) into a new expression based on

Z ′ (equation 5.11). The effect of such a principle is that the shorter chains in

the polymer molar mass distribution that lie in the unentangled/dilution regime
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of the piecewise linear model are now assumed to modify the polymer dynamics

of the longer chains, resulting in a ”negative” contribution to CIS, where before

these chains were assumed to have no effect. When introducing this correction

in the model, the predictive accuracy of σc for the polydisperse systems was

reported to be as high as ∼ 96% in the melt-mixed blends, and ∼ 84% in the

solution blended samples. The improved model is now capable of more accurately

predicting the crazing stress of highly polydisperse systems, whilst retaining its

predictive capability for monodisperse materials.

A study of orientation and crazing stress was conducted in drawn specimens of

the monodisperse materials and their blends. The degree of orientation was char-

acterise through birefringence measurements. It was observed that as the drawing

temperature of the materials was closer to the glass transition temperature the

reported birefringence was three times higher. This increase in birefringence is

expected, since as the drawing temperature shifts towards a glassy state the poly-

mer is unable to relax the deformation and the chain stretch is frozen in. At the

same drawing temperature, the birefringence was observed to be higher for the

higher molar mass materials BG (at 116 ◦C, ∆n = 0.0088) and BH (at 116 ◦C,

∆n = 0.0085) compared to BF (at 116 ◦, ∆n = 0.0058). The analysis of σc−σc,iso
against birefringence, showed that for both: monodisperse materials and blends,

orientation is the dominant factor in the increase in crazing stress over molar

mass, with the samples following the linearity of the stress-optical rule up to a

birefringence limit of ∼-0.0072.

In chapter 6 current rheological theories and models were explored with the aid

of the REPTATE toolkit. Oscillatory shear, transient shear and extensional tests

were performed with a rheometer in air environment and a range of temperature

and strain rates. To analyse the obtained data, the first step was to determine the

linear parameters from the mastercurves of the oscillatory tests of the monodis-

perse materials. Me = 15900 g/mol, Ge = 0.253 MPa and τe = 0.0014 s were

determined by fitting the L-M theory into the mastercurves obtained at 170 ◦C.

These linear parameters were used to process the mastercurves for the rest of

the other analysed polymer systems. As the materials were increased in molar

mass, the features of polydispersity and entanglements became more evident. In

the case of the monodisperse blends, a set of ”shoulders” was seen to arise at
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the lower frequency region which results from the combination of contributions

between the longer and shorter chains of the constituent materials. Similarly, as

the polymer molar mass is increased, it is possible to see that the plateau region

extends, which has been describe as the ”signature of entanglements”. In the

case of material BX and polydisperse blends CA-CB, the onset of a plateau was

greatly suppressed due to a very large amount of unentangled fractions. The

mastercurves of the oscillatory data were input into REPTATE to carry an opti-

misation based on the library of available theories for linear viscoelasticity. The

R-C theory for binary blends was found to be better suited to describe the be-

haviour of the monodisperse blends, whilst the double reptation polydispersity

theory was more effective at predicting the behaviour of polydisperse materials

R and BY. Nevertheless, both theories deemed ineffective at simulating the be-

haviour of material BX and blends CA-CD. The R-C theory seemed to account

for a very marked two-step (namely materials BX and BY) contribution in the

rheological behaviour of the blends, ignoring the transitional relaxation plateau

that is a distinctive feature of polydisperse materials. On the other hand, al-

though the pDR theory does account for this transitioning feature, the obtained

simulation failed to be accurate.

Transient shear showed that when the timescales of the tests were seen to be

slower than the relaxation time, the materials showed a linear response. As the

molar mass of the materials was increased, corresponding shear thinning, and

occasional overshoots became more pronounced. These features are characteris-

tic of the chain stretching and convective chain release mechanisms described in

polymer theories of non-linear viscoelasticity. In the blends, these mechanisms

become progressively more evident as the reported viscosity was seen to increase

with the increased addition of a higher molar mass component. Due to compli-

cations with the SER fixture, the quality of the extensional data precluded to

provide quantitative conclusions. Nevertheless, some relevant manifestations of

molar mass and molar distribution could be detected. At the same strain rate,

the monodisperse blends were seen to have a higher viscosity than their con-

stituent monodisperse components. This phenomena is a result of the effective

stretch relaxation of the long chains being increased due to the diluting effect of

the surrounding short chains.
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7. Conclusions

7.4 Concluding remarks and further work

This work has introduced an improved piecewise linear model to predict the craze

initiation stress in monodisperse and polydisperse PS systems. It would be useful

to refine this model further by testing it against experimental data of systems

with varying molecular architectures (e.g. branched systems, rather than just

linear), or alternative chemistries of glassy polymers. Further adjustments to the

model accounting for these aspects could expand its applicability.

Although the results confirmed, quite encouraging, that orientation poses a

more significant controlling role in the determination of crazing stress than does

molar mass for oriented specimens, further measurements of more complex poly-

disperse blends are required to cover the whole spectrum. The authors recom-

mend the further application of this theory in oriented samples of materials such

as system BX, or blends CA-CD. Nevertheless, some complications in the prepa-

ration of these samples are to be expected since their inherent brittleness may

pose significant challenges in traditional methods of tensile elongation.

Unfortunately, complications with the SER fixture of the extensional tests ex-

cluded a more conclusive quantification of the obtained data. Still, some relevant

questions arose from the interpretation of the results: is the strain hardening

observed on the monodisperse blends real? If so, it would appear that both com-

ponents exhibit this behaviour, which suggests that the effect of chain stretching

increases upon blending as initially suggested in [164]. Further testing is required

to verify the validity of this observation. Also, there seems to be virtually no

difference in the rheological response of blends CC and CD, despite the latter

having a 30wt% increase in the content of BY. This result is rather surprising,

and re-run of the tests in these materials could dissipate whether the observed

behaviour is real or an experimental artifact.
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Appendix A: Crazing rigs

As part of this research it was decided to manufacture new sets of crazing rigs to

be able to test multiple specimens at a given time. Figure 1 shows the technical

CAD drawings that were provided to the University of Nottingham workshop for

manufacturing. The finished devices are shown in figures 2 and 3.
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Appendix A: Crazing rigs

Figure 1: Exploted view of new crazing tool CAD drawings; elements have been
labelled and numbered for production purposes.
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Appendix A: Crazing rigs

Figure 2: Detail image of new crazing rig as manufactured from CAD drawings
shown in figure 1.
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Appendix A: Crazing rigs

Figure 3: Image of the two sets of crazing rigs produced.
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Appendix B: CIS correction

Ischronal three point bending tests were performed in miniature specimens of

polydisperse material R, to verify the accuracy of the testing procedure and per-

formance of new manufactured rigs. The material was tested at a series of creep

times: 10s, 60s, 300s and 1800s, with the sample soaked in DEG during the test.

The results were compared against those reported in [24]. The results have been

plotted in figure 4, against the cited literature.

The reported CIS for material R showed an increase of approximately 2-3 MPa

compared to De Focatiis data. To evaluate the differences that could arise from

using our newly machined set of rigs, it was decided to plot the data obtained for

our monodisperse materials against that previously reported by De Focatiis [20].

Figure 5, presents both sets of data in a CIS vs Molar mass plot, exhibiting the

3-step regime for crazing as proposed by De Focatiis,

From figure 5 the discrepancy between De Focatiis data and the data for our

monodisperse materials was quantified as ±4-5MPa. To study the source for this

disparity it was then decided, to have a closer inspection of the rigs used for

the creep bending tests, to discard the possibility of them having differences in

geometries (e.g. support spacing, L) that could alter the reported CIS value. The

distance between the supports was measured with a caliper, to show a consistent

5±0.03mm in both rigs.

It was then decided to examine the edges of the left (LHS) and right (RHS)

hand supports where the specimen was placed. This was done to eliminate the

possibility of the curvature found in the edges of the supports modifying in some

additional way the support spacing distance L. The supports of both rigs were

analysed through an optical microscope in transmission mode, and calibrated
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Appendix B: CIS correction

Figure 4: Craze initiation stress for polymer R in DEG, as reported in this study
compared to [24].

accordingly with the use of a calibration scale. The obtained micrographs were

subsequently processed using ImageJ software to measure the radii found in the

edges of the supports of both rigs. Figure 6 presents the micrographs along with

the measured radii for: a-b): LHS and RHS supports of the new rig manufactured

at our Nottingham workshop, and c-d) the support plates used by[20; 24].

The measured radii in the LHS, r1 and RHS r2, supports were added to the

previous total support spacing L to obtained a new value for L as is shown in

table 1.

By looking at the values in table 1, is possible to show a support spacing

difference of ∼0.40mm between one rig and the other, evidencing that this radial

distance is in fact altering the spacing distance by 5±0.40mm. In order to account

for this difference, it was necessary to correct the data by re-calculating a new

corrected craze initiation stress σcn, by using the expression developed in 1,
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Appendix B: CIS correction

Figure 5: CIS as measured for monodisperse materials BF, BG and BH. Data has
been plotted against the monodisperse data and fitting limits for the mechanisms
of crazing as reported by [20].

Table 1: Radii measurements of the LHS and RHS supports.

Study LHS, r1 RHS, r2 Total, rT New L
[µm] [µm] [µm] [mm]

De Focatiis 284.17±13.2 250.41±8.12 534.58 5.5346
This study 27.26±2.8 102.13±8.7 129.38 5.1294

σcn = σc

(
Lu − Lc
Ln − Lc

)
(1)

where Lu stands for the uncorrected spacing length, while Ln defines the new

corrected spacing length, given by Lu + rT , where rT is the curvature distance of
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Appendix B: CIS correction

Figure 6: Micrographs showing the radii (R) difference of the edges in the speci-
men support plates used in this study and by De Focatiis[20; 24].

the radii in the edges of the specimen supports.

The data for both rigs has been corrected to account for the 0.53mm and

0.13mm radii distance into the 5mm spacing in the old and new rigs respectively.

Tables for these correction can be found in the appendix section.

The new corrected data is presented in figure 7.

A new linear regression was applied to De Focatiis corrected data to find the

corrected values for the disentanglement and chain scission limits. The corrected

Mc value at which crazing shift from disentanglement into saturation (at chain

scission) was found at 154,000 g/mol, compared to the previous 140,400 g/mol

value reported by De Focatiis uncorrected data [20]. Although it is still possible

to observe small differences of the order of a few MPa in crazing stress between

the De Focatiis’ data and the current dataset, thes are attributed to differences in

the lighting and microscopy set-ups, which, especially given the discrete nature

of the crazes and their spacing in miniature specimens, are consistent with the
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Appendix B: CIS correction

Figure 7: CIS of monodisperse materials using the radii correction, and new
modified crazing limits.

systematic differences observed.

All the data produced in this study will consider the effect of rT to calculate a

value for σc, and as such the nomenclature for the presented data can be assumed

to follow σcn = σc.
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